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ABSTRACT
Issues related to the performance of waste package (WP) materials including materials currently being
considered for the fabrication of other components of the engineered barrier subsystem (EBS), such as drip
shields, are reviewed in this report. The review is focused on the materials currently selected by the
U.S. Department of Energy (DOE) for the proposed high-level radioactive waste repository at Yucca
Mountain, Nevada. The materials considered are those selected for the Enhanced Design Alternative II (EDA
II) after the License Application Design Selection process was completed by the DOE, following the
presentation to Congress of the Viability Assessment (VA) of a Repository at Yucca Mountain. In EDA II,
the WP is designed to be composed of an outer container made of Alloy 22 (Ni-22Cr- I 3Mo-3W) surrounding
a shrink-fitted inner container fabricated of type 316L/316NG (Fe-i8Cr-l2Ni-2.5Mo) stainless steel. The
WPs will be emplaced horizontally in drifts. A self-supported drip shield made of Ti grade 7 (Ti-0.2 Pd) will
be extended over the length of the emplacement drifts. The review is organized by classes of materials
covering relevant information on the physical metallurgical characteristics ofthe alloys considered, including
a detailed description of phase instability prompted by fabrication processes and/or long-term exposure to
operating temperatures. In this context, mechanical failure processes are briefly discussed. The corrosion
behavior of the alloys is extensively reviewed with updated information, including recent work conducted
by the DOE and the Center for Nuclear Waste Regulatory Analyses. Emphasis is placed in several corrosion
failure modes, including uniform passive corrosion, localized corrosion (pitting, crevice, and intergranular
corrosion), and environmentally assisted cracking (stress corrosion cracking and hydrogen embrittlement).
In addition, failure processes of Zircaloy fuel cladding are discussed, including creep, fuel and cladding
oxidation, mechanical failure due to rock fall, hydride embrittlement, localized corrosion, and stress corrosion
cracking, as a result of the importance assigned by the DOE to cladding as an additional metallic barrier to
limit the release of radionuclides. Ceramic coatings, suggested in the VA as a viable means to extend the life
of less corrosion resistant materials such as carbon steels, are briefly reviewed, even though these coatings
are not included in EDA II. Materials interactions between components of the WP and the EBS that may have
beneficial or detrimental effects in terms of radionuclide containment and mobilization are discussed and
specific areas requiring additional research are identified.
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EXECUTIVE SUMMARY
Issues related to the performance of waste package (WP) materials currently selected by the U.S. Department
of Energy (DOE) for the proposed high-level radioactive waste (HLW) repository at Yucca Mountain (YM),
Nevada, are reviewed in this report. The review includes materials being considered for the fabrication of
other components of the engineered barrier subsystem (EBS) such as drip shields. The materials considered
are those selected for the Enhanced Design Alternative II (EDA II), after the License Application Design
Selection (LADS) process was completed by the DOE, following the presentation to Congress ofthe Viability
Assessment (VA) of a Repository at YM. In EDA II, the WP is designed to be composed of an outer
container made of Alloy 22 (Ni-22Cr-13Mo-3W) surrounding a shrink-fitted inner container fabricated of
type 316L or316NG (Fe-l8Cr-l2Ni-2.5Mo) stainless steel (SS). The WPs will be emplaced horizontally in
drifts. A self-supported drip shield made of Ti grade 7 (Ti-0.2 Pd) will be extended over the length of the
emplacement drifts.
The review is organized by classes ofmaterials, such as Ni- and Ti-base alloys, covering relevant information
on the physical metallurgical characteristics ofthe alloys considered, including a detailed description of phase
instability prompted by thermal treatments and/or circumstantial exposure to high temperatures. The
corrosion behavior of the alloys is extensively reviewed with updated information that includes recent work
conducted by the DOE and the Center for Nuclear Waste Regulatory Analyses (CNWRA). The effect of
thermal treatments or welding processes on the corrosion behavior is considered in some detail.
Chapter 1 provides an introduction to the report stating that the primary objectives envisioned by the DOE
for the proposed monitored geological repository are to contain the radionuclides within the WPs for
thousands of years and to ensure that annual doses to a person living near the site will be acceptably low. The
four key attributes that are important to meeting postclosure performance objectives, according to the DOE
(U.S. Department of Energy, 1998a), are
*
*
*
*

Limited water contacting the WPs
Long WP lifetime
Low rate of release of radionuclides from breached WPs
Radionuclide concentration reduction during transport from WPs

The WP is the primary engineered barrier in the repository system and the performance of the WPs for the
initial several thousand years after radioactive waste emplacement is extremely important in the DOE strategy
for waste containment and isolation. Since this report is focused on the attribute related to the life of the WP,
chapter 1 presents information on the evolution through the LADS process of the WP and EBS designs
following the VA design and provides details on the different aspects of EDA II.
Chapter 2 provides an extensive review of Ni-Cr-Mo alloys, focused mostly on Alloy 22 and other alloys of
the same class. Materials properties and characteristics, including microstructural aspects, are discussed in
relation to issues of material thermal stability and welding. Formation of topologically closed packed (TCP)
phases can be accelerated as a result of cold work and elevated temperatures generated by welding during
WP fabrication. The formation of TCP phases has been shown to decrease the ductility of the alloys. At lower
temperatures, the formation ofboth short-range ordering and long-range ordering during prolonged exposures
will likely be detrimental to the performance of the container materials as a result of both decreased ductility
and increased hydrogen embrittlement (HE) susceptibility.
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Environmental effects related to uniform and localized corrosion, as well as stress corrosion cracking (SCC)
and other modes of degradation, are thoroughly reviewed to evaluate the performance expected under
repository conditions and compared with that of austenitic SSs such as type 31 6L. Under conditions where
localized corrosion cannot be initiated, passive dissolution of the container will occur. The Alloy 22 passive
dissolution rate was determined to be in the range of 8 x I 0- to 5 x 10- mm/yr. Assuming these rates do not
vary significantly with time, the lifetime of the Alloy 22 containers may range from ten thousands to several
hundred thousand years. The initiation of localized (pitting and crevice) corrosion requires sufficient
concentration of an aggressive anion such as Cl-, as well as oxidizing conditions capable of increasing the
corrosion potential ofthe container above the repassivation potential. The repassivation potential for Alloy 22
was found to be lower than 0.3 VSCE only in solutions containing more than 4 M Cl- at temperatures above
95 'C. However, this potential can decrease as a result of welding and heat treatments. If localized corrosion
occurs, propagation rates can reach values as high as 0.25 mm/yr.
The effects of Ni concentration and the other major alloying elements, as well as the potential, on the
long-term initiation and propagation of SCC is still unclear. The present understanding arising from an
extensive review of the literature suggests that austenitic alloys with greater than 45-50 percent Ni are
immune to SCC in Cl- solutions at temperatures lower than 200 'C. Similarly, austenitic Ni-Cr-Mo-Fe alloys
with less than 40 percent Ni appear to be susceptible to SCC at potentials anodic to the repassivation
potential. It is important to note that these observations are based on the results of short-term tests lasting,
at most, a few years and require adequate confirmation.
Chapter 3 presents a detailed review of the literature on Ti alloys, emphasizing those aspects pertaining to
a alloys and, in particular, to Ti-Pd alloys such as Ti grade 7 and grade 16. It is clear that Ti alloys exhibit
good corrosion resistance under most environmental conditions. Current DOE plans call for the possible use
of Ti grade 7 (Ti-0. 15Pd) in the repository as a drip shield material. There is, however, insufficient
experimental data available under relevant environmental conditions examining the possible degradation
modes for Ti-Pd alloys to make an accurate determination ofthe conditions under which each corrosion mode
is operable nor is there adequate information on propagation rates. Furthermore, there also is insufficient data
that could be used to model long-term material performance. Given the likely conditions to be found in the
proposed repository at YM, it seems unlikely that microbially influenced corrosion would occur to a
significant extent owing to the high resistance of Ti to this form of corrosion attack. Rather, it would seem
that passive dissolution, localized corrosion, particularly in the form of crevice corrosion, and
environmentally assisted cracking (SCC and HE) would be the most likely corrosion failure modes to be
observed. Pitting corrosion also seems unlikely given the high potentials necessary to nucleate and sustain
pitting (> 0.5 VSCE) as a result of the high resistivity of the TiO2 oxide.
Under the oxidizing conditions expected at YM, Pd additions should not significantly alter the corrosion rate
under passive dissolution conditions as compared to commercial purity (CP) Ti, and thus the effects of
environmental variables on CP Ti should generally apply. The effects of environmental factors such as
temperature, pH, and Cl- concentration on the passive dissolution of Ti alloys, though, have not been
extensively nor systematically examined and thus further work is necessary in order to better predict the
lifetime of Ti components. Crevice corrosion of CP Ti has been observed under conditions that could develop
in the repository. Additions of Pd to Ti, though, do improve the crevice corrosion resistance of Ti. Given the
lack of DOE data for Ti-Pd alloys, however, further examination of the conditions conducive to crevice
corrosion is warranted to determine if more aggressive conditions are needed to nucleate and propagate
crevice corrosion in these materials or if Pd additions just delay the onset of crevice corrosion through an
increase in the incubation time.
xviii

Environmentally assisted cracking (EAC) of Ti-Pd alloys has not been extensively investigated. However,
it appears that these materials, like many otherct-Ti alloys, are highly resistant to EAC. This is particularly
true if the Ti-Pd alloys chosen have a low equivalent oxygen content (high 0 equiv leads to higher strength and
greater susceptibility) and Pd additions can minimize uptake of hydrogen by the Ti lattice. Because Ti-Pd
alloys may experience very slow crack propagation rates, further work in this area may be necessary. Also
of importance would be the application of suitable methods to experimentally measure slow crack
propagation rates.
Chapter 4 deals with several failure modes of Zircaloy-4 and Zircaloy-2, the Zr alloys used as fuel cladding
materials in pressurized water reactors and boiling water reactors, respectively. The behavior of these alloys
under expected disposal conditions is examined in this report because in the DOE Total System Performance
Assessment-VA (U.S. Department of Energy, 1998c) cladding is included as an additional metallic barrier
to the release of radionuclides from spent nuclear fuel. The possibility of localized corrosion of Zircaloy fuel
cladding in the presence of oxidizing Cl- solutions is a matter of concern. Pitting corrosion of Zr has been
studied in detail in acidic and neutral Cl- solutions and occurs above a critical potential that is identical for
repassivation and pitting initiation under potentiostatic and galvanostatic conditions. This potential apparently
is not attained under natural corroding conditions in air saturated solutions unless strong oxidants such as Fe3"
and Cu2" ions are present. However, the effect of reducible species formed by radiolysis of water such as
H2 02 has not been investigated. Although far less studied, pitting of both Zircaloy-2 and Zircaloy-4 occurs
under similar conditions.
Another possible degradation processes is SCC of Zircaloy fuel cladding that can occur under the same
environmental and electrochemical conditions that promote pitting corrosion, and under stresses well below
macroscopic yield. Many factors may introduce the required stress level in the fuel rod during operation
storage and handling. As in the case of localized corrosion, relatively high corrosion potentials should be
reached. However, once a crack is initiated from a pit, relatively fast propagation rates can be attained leading
to failure of cladding in a very short time. If the potential is below the critical potential in Cl- solutions, Zr
is a very passive metal and therefore very low corrosion rates can be expected.
The most important cladding degradation process in the HLW repository is likely to be the mechanical failure
of fuel rods due to rock falls. Hydride embrittlement of cladding may be possible if the cladding temperature
rises above 290-300 IC. Creep, delayed-hydride cracking, fuel-side SCC, and oxidation of cladding and fuel
rods are not likely to cause substantial failure of the cladding. The current rockfall models for treating
mechanical failure of cladding, based on either a fracture strength or a ductility criterion, are not adequate
for considering the behavior of cladding with degraded properties. These models need to be modified to take
into account the presence of a distribution of crack sizes and the lower resistance to fracture of degraded
cladding in the repository environment, preferably through the use of a fracture mechanics approach.
Potential failure mechanisms in fuel cladding are extremely dependent on the cladding temperature. Although
the low thermal loading strategy that appears to be pursued by the DOE tends to suggest that these thermally
controlled failure modes are less plausible, temporal and spatial variations can be pronounced even within
a single WP.
The use of ceramic coatings as a viable means for extending WP life is examined in chapter 5 because the
DOE has considered the use of these coating as options to improve the WP performance in the VA design.
Coating application methods and coating materials are reviewed as a background for the analysis of the
characteristics of the ceramic coatings developed and evaluated in the DOE program Although the emphasis
on the use of ceramic coatings has decreased with the advent of EDA II, a discussion is included to document
xix

the CNWRA evaluation of the DOE approach for assessing the effects of environmental factors on ceramic
coating integrity.
Chapter 6 presents an overall discussion on the main issues regarding the interactions among the alternate
EBS materials according to the most current design. The effect of materials interactions on the performance
of the WP is an issue that has not received adequate attention. With the progress in the development of WP
and EBS designs that take into consideration the need for long-term containment of the radionuclides within
the WPs and low acceptable annual doses to a receptor group living in the proximity of the repository site,
the importance of considering the beneficial and detrimental effects of material interactions has increased.
Three aspects of relevance were identified and are related to the effects on containment, radionuclide
mobilization, and nuclear criticality inside WPs. Emphasis was placed on the importance of defining the
chemical composition of the aqueous environment inside breached containers both in terms of radionuclide
releases and the potential for criticality. A more detailed evaluation ofthese processes is highly desirable and
it should be accomplished in conjunction with a sustained effort to model and reproduce experimentally the
environment that may develop inside WPs following localized penetration of the containers. Although other
metallic alloys incorporated in the current WP design, such as type 316L SS as an inner container material
and ASTM A5 16 carbon steel as an internal structural component, are not considered in detail in this review,
several aspects ofthe expected postclosure performance are discussed in terms oftheir interactions with other
WP materials.
Finally, chapter 7 presents a summary of conclusions and recommendations for future work in order to attain
a resolution of several open items recently evaluated in the Container Life Source Term Issue Resolution
Status Report, Revision 2. The main issues of importance regarding Alloy 22 are passive corrosion rate and
environmental, electrochemical and physical metallurgical conditions for the occurrence of both crevice
corrosion and SCC, including propagation rates. The issues of concern identified in the case of Ti-Pd alloys
are crevice corrosion and HE. For Zircaloy fuel cladding, it was concluded that the possibility of mechanical
failure due to rockfall, hydride reorientation and embrittlement, pitting corrosion, and SCC requires further
investigation. In this context, the importance of determining the expected chemical composition of the WP
internal environment was emphasized as a requirement to adequately evaluate the potential occurrence of
these two corrosion processes. Many of these issues are the subject of current investigations by the DOE.
However, significant discrepancies exist between results obtained by the CNWRA and the DOE, particularly
on the SCC testing of Alloy 22.
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1 INTRODUCTION
As defined by the U.S. Department of Energy (DOE) in the Repository Safety Strategy (U.S. Department
of Energy, 1998a), the primary objectives for the proposed monitored geological repository at Yucca Mountain
(YM) are to contain the radionuclides within the waste packages (WPs) for thousands of years and to ensure
that annual doses to a person living near the site will be acceptably low. There are four key attributes of an
unsaturated repository system that are important to meeting postclosure performance objectives
(U.S. Department of Energy, 1998a). These four attributes are
*
*
*
*

Limited water contacting the WPs
Long WP lifetime
Low rate of release of radionuclides from breached WPs
Radionuclide concentration reduction during transport from WPs

The objectives of the Container Life and Source Term (CLST) Key Technical Issue (KTI) are to
independently evaluate these attributes, provide input to the overall performance assessment (PA) of the
proposed repository, and review documents associated with the DOE Viability Assessment (VA), Site
Recommendation (SR), and License Application (LA). In particular, the CLST KTI deals specifically with
the attributes related to the life of the WP and the release of radionuclides from the waste form.
The WP is the primary engineered barrier in the repository system and the performance of the WPs for the
initial several thousand years after radioactive waste emplacement is extremely important in the DOE strategy
for waste containment and isolation. After many design modifications to improve the performance of the
engineered barrier subsystem (EBS), the DOE proposed as a reference design in the Viability Assessment
of a Repository at Yucca Mountain, Volume 2 (U.S. Department of Energy, 1998b) a WP composed of two
concentric containers of different metallic materials, emplaced in a horizontal drift with a concrete liner as
ground support. In the VA design, the outer container, with a wall thickness of 100 mm, was proposed to be
made of a corrosion allowance material (CAM), ASTM A5 16 carbon steel. A corrosion resistant material
(CRM), Alloy 22, was selected for the inner container with a wall thickness of2O mm. According to the PA
studies, as reported in Volume 3 ofthe VA (U.S. Department of Energy, 1998c), the major factors affecting
postclosure performance for the VA reference design are the chemistry of the water contacting the WP and
the integrity of both the outer and inner WP barriers.
As identified in the Repository Safety Strategy (U.S. Department of Energy, 1998a) for the attribute related
to the subject ofthis report, a long WP lifetime, four hypotheses should be satisfied to assure containment of
the radionuclides for a prolonged period. These hypotheses are
*
*
*
*

Heat reduces the relative humidity (RH) at the WP surface
Corrosion of WP materials is slow
The inner WP barrier will be protected by the outer barrier
Engineered enhancements can extend the containment time

The relative importance of these hypotheses has varied with the changes in WP and EBS designs for the
proposed SR. Nevertheless, two of these hypotheses, slow corrosion of WP materials and engineered
enhancements to extend WP lifetime, are becoming even more important after the sensitivity studies
1-1

conducted for the Total System Performance Assessment-Viability Assessment (TSPA-VA). A
comprehensive range of design approaches (or design alternatives) and detailed design solutions (or design
features) for the EBS were considered by the DOE before selecting a design for the SR. Among them,
selection of different container materials and modification of the VA WP design are important changes to
consider, as discussed in the following sections. The purpose of this report is to review, on the basis of
information available in the open literature and studies carried out both by the DOE and the Center for
Nuclear Waste Regulatory Analyses (CNWRA), some ofthe relevant physical metallurgical characteristics
and the corrosion behavior ofthe materials currently considered by the DOE for the EBS ofthe proposed SR.
Other degradation modes, in addition to corrosion, that may affect the integrity of the containers and their
performance under repository conditions are briefly discussed.

1.1

SUMMARY OF U.S. DEPARTMENT OF ENERGY DESIGN OPTIONS FOR THE
ENGINEERED BARRIER SUBSYSTEM

As discussed in volume 4 ofthe VA forthe proposed repository at YM (U.S. DepartmentofEnergy,
1998d), the planned work scope focused on WP design until the LA submittal includes design analyses and
testing programs. Designs of WPs at the level needed to address preclosure operations and postclosure
performance are planned for uncanistered and canistered spent nuclear fuel (SNF), DOE-owned fuel and
high-level radioactive waste (HLW), and also includes alternate WP designs. After the submittal ofthe LA,
the final designs will be brought to the level of detail required for procurement and fabrication. As a
consequence, and for the purpose ofthis report, the discussion will be based on a representative WP design,
the uncanistered WP for 21 pressurized water reactor (PWR) SNF assemblies.
Following the completion and submittal to Congress of the VA, the DOE initiated the License
Application Design Selection (LADS) process to evaluate design alternatives and design features for the
repository (Harrington, 1999). Design alternatives are defined as different conceptual designs for the
repository and design features as elements or attributes that could be added to any design alternative to
enhance its performance. Among the design alternatives, tailored WP spatial distribution, low-thermal loading,
continuous postclosure ventilation, and the VA design with options were considered. Among many other
design features, drip shields, backfill, ceramic coatings, aging and blending of SNF and HLW, fuel rod
consolidation, drift spacing and diameter, WP spacing, WP radiation self-shielding, WP additives and fillers,
and WP corrosion-resistant materials were evaluated. The principal characteristics of the five developed
Enhanced Design Alternatives (EDAs) are summarized in table 1-1.
The design parameters for the various EDAs can be compared, as listed in table 1-1. The main
difference among the various designs is related to the thermal loading. In terms of WP materials, the selection
of Alloy 22 as outer container material in four ofthe five EDAs is indicated in table 1-1 . In these four designs,
carbon steel (the outer container material selected for the VA) is replaced by SS, which is proposed, however,
as inner container material. As an option, Ti grade 7 is included in EDA III as an intermediate metallic barrier.
In contrast, a very thick container made exclusively of carbon steel is proposed in EDA IV. All the EDAs
exhibit as common features the selection of drip shields, carbon steel ground support, steel invert with granular
(sand or gravel) ballast, and preclosure ventilation. In addition, in four of the five designs, line loading is
selected instead of point loading. Line loading refers to the close spacing of the WPs within each drift,
whereas point loading refers to a much wider in-drift spacing.
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Table 1-1. Enhanced Design Alternatives considered in the License Application Design Selection (Harrington, 1999)
Design Element

Thermal goals
* Cladding
* WP surface

EDA I

EDA II

< 350 0C

< 350 0 C

_

-

|

I

EDA III

EDA IV

< 350 0 C

< 350 0 C

< 350 0 C

_

_

Cools to 80 'C

EDA V

before RH reaches
> 90%

* Drift wall
* Drift environment
* Pillar temperatures

<96
_

0C

-

< 200 OC
_

-

< 200 0 C
Keep drifts dry for
thousands of years

-

Limit gamma dose at

-

WP surface to
< 200 mrem/hr
85

150

< 200 OC

< 225 OC
Keep drifts dry for
thousands of years

Keep centers of

pillars below boiling
(< 96 OC)
(w

Other goals

Areal mass loading

45

60

85

1,400

1,050

740

740

420

Line (10 cm
spacing)

Line (10 cm
spacing)

Line (10 cm
spacing)
21

(MTHM/acre)

Area (acres) for

70,000 MTHM
Line/point loading

Point (3 m spacing)

WP size (PWR)

12

21

21

Line (10 cm
spacing)
21

Drift diameter (m)

5.5

5.5

5.5

5.5

5.5

Drift spacing (m)

43

81

56

56

32

Preclosure
ventilation

50 yr @
2-10 m3 /s

50 yr @
2-10 m3 /s

50 yr @
2-10 m3 /s

50 yr @
2-10 m 3 /s

50 yr @ 2-10 m3 /s

I

Table 1-1. Enhanced Design Alternatives considered in the License Application Design Selection (Harrington, 1999) (cont'd)

Design Element

EDA I

EDA II

WP heat output at
emplacement
Maximum
Average (PWR WP):

20% blending used
to reduce maximum
6.7 kW
5.6 kW

20% blending used to
reduce maximum
11.8 kW
9.8 kW

WP material

2 cm Alloy 22 over
5cmSS

2 cm Alloy 22 over
5cmSS

No
Fillers
No
Backfill
Yes
Drip shield
15,903
Total WPs
Note: EDA - Enhanced Design Alternative
MTHM - metric ton heavy metal
PWR - pressurized water reactor
RH - relative humidity
SS - stainless steel
WP - waste package

No
Yes
Yes
10,039

EDA HI
I
Limited blending

EDA IV
Limited blending

EDA V
20% blending used to
reduce maximum
11.8 kW
9.8 kW

18.0 kW
9.5 kW

18.0 kW
9.5 kW

(a) 2 cm Alloy 22
over5cmSS
(b) 2 cm Alloy 22
over 1.5 cm Ti-7
over 4 cm SS
No
No
Yes
10,213

30 cm carbon steel

2 cm Alloy 22 over
5cm SS

Integral filler
Yes
Yes
10,213

No
No
Yes
10,039

A detailed comparison of the VA design with the EDA II is shown in table 1-2 (Snell, 1999). It is
seen that a 30-percent decrease in the areal mass loading (thermal loading) can be attained by an almost three
times increase in drift spacing combined with a lower peak WP power as a result of SNF blending. The main
objective of the reduced thermal loading is to maintain the center of the pillars between drifts below the
boiling point of water at the repository horizon (96 'C) in order to reduce uncertainties associated with
altered flow paths and water chemistry changes as a result of excessive rock heating. In addition, line loading
and SNF blending are proposed in EDA II to attenuate temperature variations along the drift, and a significant
increase in the preclosure ventilation rate is introduced as a means to reduce peak temperatures.

1.2

ENGINEERED BARRIER SUBSYSTEM MATERIALS IN THE ENHANCED
DESIGN ALTERNATIVE II

As shown in table 1-2, the main difference between the VA and EDA II in terms of WP design is the
elimination of ASTM A5 16 carbon steel as the container material. A combination of factors prompted this
decision (Pasupathi, 1999). There were concerns regarding the possible wedging action of iron corrosion
products (i.e., oxides and oxihydroxides) in the gap between the steel outer container and the Alloy 22 inner
container as a result of the localized corrosion penetration of the outer container. The wedging action is
caused by the volume increase associated with the iron corrosion products and may result in mechanical
stresses on Alloy 22 and WP internals. Another detrimental factor was considered to be the generation of
FeC13 at the localized corrosion sites that may lead to accelerated corrosion and, eventually, crevice corrosion
of Alloy 22. An additional factor may be the predictable loss of structural strength that can be expected as
a consequence of wall thinning from uniform corrosion of carbon steel. A reverse VA design, with Alloy 22
as the outer container material was also considered (Pasupathi, 1999). However, in addition to fabrication
and eventual handling problems, concerns remained regarding the wedging action of iron corrosion products
and the deleterious effect of FeCl 3 following localized penetration of Alloy 22.
Alloy 22 is selected in EDA II as the outer container material for the WPs by assuming that uniform
passive corrosion will lead to WP lifetimes well beyond 10,000 yr for a container with a 2 cm wall thickness.
The WP is planned to be formed by shrink fitting the outer container to a 5 cm thick inner container
fabricated of types 316 Nuclear Grade (NG) or 31 6L stainless steel (SS). The inner container is designed to
provide sufficient structural strength during the lifetime of the WP to avoid mechanical failure as a result of
rockfall, but no performance allocation in terms of corrosion resistance is assigned to this container. It is
assumed that Alloy 22 will be immune to localized (crevice) corrosion because a RH greater than 80 percent
will be attained only at WP surface temperatures lower than 80 'C due to a combination of low thermal
loading and high rates of ventilation during preclosure. It is expected that under such thermal and
environmental conditions only uniform passive corrosion of Alloy 22 will occur.
Additionally, a self-supported, mailbox-shaped drip shield with overlapping sections will be extended
over the length of the emplacement drifts to enclose the top and sides of the WPs. The purpose of the drip
shield is to avoid water seepage or dripping during the thermal pulse period (when environmental conditions
leading to localized corrosion of Alloy 22 may be attained) and presumably to attenuate the direct impact of
rockfall on the WPs. As shown in table 1-2, the material of choice for the drip shield is Ti grade 7 plate or
sheet having a thickness of about 2 cm.
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Table 1-2. Comparison of Viability Assessment Design with Enhanced Design Alternative II (Snell, 1999)
Viability Assessment Design

Enhanced Design Alternative II

Design Characteristics
Areal mass loading

60 metric ton heavy metal/acre

85 metric ton heavy metal/acre

Drift spacing

81 m

28m

Drift diameter

5.5 m

5.5 m

Invert

Steel with sand or gravel ballast

Concrete

Ground support

Steel

Concrete lining

Number of waste packages

10,039

10,500

Waste package spacing

Line loading: 10 cm

Point loading: spacing varies (several
meters)

Total length of emplacement drifts

54 km

107 km

Waste package materials

2 cm Alloy 22 over 5 cm type 316L/316NG
stainless steel

10 cm carbon steel over 2 cm Alloy 22

Maximum waste package capacity

21 pressurized water reactor assemblies

21 pressurized water reactor assemblies

Peak waste package power
(blending)

20% above average pressurized water reactor
waste package power

95% above average pressurized water
reactor waste package power

Drip shield

2 cm Ti grade 7

None

Backfill

Yes

None

Preclosure period

50 yr

50 yr

Preclosure ventilation

2-1 0 m3 /s

0.1 m3 /s

Another material change with respect to the VA design is the elimination of the concrete liner to
avoid the generation of alkaline conditions by reaction with the altered groundwater. The existence of alkaline
conditions may introduce significant uncertainties in the evaluation ofradionuclide mobilization and transport.
The concrete liner is planned to be replaced by steel sets and lagging or rock bolts and mesh depending upon
ground conditions. Concrete is also removed from the design of the invert structure and replaced by steel
beams with sand or gravel ballast.
As noted in table 1-2, the design of the EBS in EDA II includes the use of backfill to cover the drip
shield, even though a design without backfill is still being considered (Blink, 1999). The final configuration and
the material for the pedestal used to support the WPs have not been selected yet.

1.3

SCOPE AND ORGANIZATION OF THE REPORT

This report presents a review of all the materials currently considered for the fabrication of WPs, as
well as other components of the EBS such as drip shields. The review is organized by classes of materials,
such as Ni- and Ti-base alloys, covering relevant information on the physical metallurgical characteristics of
the alloys considered, including a detailed description of phase instability prompted by thermal treatments or
circumstantial exposure to high temperatures, or both. The corrosion behavior of the alloys is extensively
reviewed with updated information that includes recent work conducted by the DOE and the CNWRA. The
effect of thermal treatments or welding processes on the corrosion behavior is considered in some detail.
Chapter 2 provides an extensive review ofNi-Cr-Mo alloys, focused mostly on Alloy 22 and other
alloys of the same class. Materials properties and characteristics, including microstructural aspects, are
discussed in relation to issues of material thermal stability and welding. Environmental effects related to
uniform and localized corrosion, as well as stress corrosion cracking (SCC) and other modes of degradation,
are reviewed to evaluate the performance expected under repository conditions and compared with that of
some austenitic SSs such as type 31 6L. Chapter 3 offers a similar approach to the review of the literature
on Ti alloys, emphasizing those aspects pertaining to a alloys and, in particular, to Ti-Pd alloys such as
Ti grade 7 and grade 16. Chapter 4 deals with several failure modes of Zircaloy-4 and Zircaloy-2, the Zr
alloys used as fuel cladding materials in PWRs and boiling water reactors (BWRs), respectively. The behavior
of these alloys under expected disposal conditions is examined in this report because the DOE in the
TSPA-VA (U.S. Department of Energy, 1998c) included the consideration of cladding as an additional
metallic barrier to the release of radionuclides from SNF.
The use of ceramic coatings as a viable means for extending WP life is examined in chapter 5
because the DOE has considered the use of these coatings as options to improve the WP performance in the
VA design. Coating application methods and coating materials are reviewed as a background for the analysis
of the characteristics of the ceramic coatings developed and evaluated in the DOE program. Although the
emphasis on the use of ceramic coatings has decreased with the advent of EDA II, a discussion is included
to document the CNWRA evaluation ofthe DOE approach for assessing the effects of environmental factors
on ceramic coating integrity.
Chapter 6 presents an overall discussion ofthe main issues regarding the performance ofthe alternate
EBS materials according to the most current design options, taking into consideration interactions among them
and with the environment that could be detrimental to long-term performance. This discussion is followed by
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a summary of conclusions and recommendations for future work in order to attain a resolution of several open
items discussed recently in the CLST Issue Resolution Status Report (IRSR), Revision 2 (Nuclear Regulatory
Commission, 1999).
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2 NICKEL BASE ALLOYS
Several Ni-Cr-Mo alloys have been proposed as candidate container materials over the history of the United
States and foreign HLW repository programs. A large volume of literature on the performance of these
materials in a wide range of environments is available as a result of research associated with the various
HLW disposal programs as well as the use of these materials in many industries including aerospace,
chemical processing, petrochemical, oil and gas, geothermal, and nuclear power generation. Factors that can
influence the performance of these materials in a repository setting include the composition and thermal
stability of the alloy, residual stresses from fabrication and welding, service temperature in the repository,
and the humidity and water chemistry of the repository environment. This chapter is an extended and updated
review of Ni-Cr-Mo alloys, a subject discussed previously (Gdowski, 1991; Sridhar et al., 1994)
The compositions of several of the Ni-Cr-Mo alloys, proposed by the DOE as candidate container materials
for HLW disposal, are provided in table 2- 1. Type 316L SS, the least corrosion-resistant material in table 2- 1,
is included because it was proposed as a material for the multipurpose canister (MPG) and, more recently,
as a structural support material for a WP with Alloy 22 as outer barrier in EDA II. Alloy 825 was proposed
for the thin wall container design in a vertical borehole emplacement and for the CRM inner barrier of a
double wall container, with a thick carbon steel outer barrier proposed as the CAM. Alloy 625 was proposed
as a replacement for Alloy 825 in the double wall container design. Alloy 22 replaced Alloy 625 as the
leading candidate for the CRM barrier in the double wall container design for the VA. Finally, other container
designs have been proposed as discussed in section 1.1. In addition to the candidate container materials, the
composition of several additional Ni-base alloys are also included in table 2- 1. Although these alloys have
not been proposed as container materials they are included in this section in order to provide a complete
discussion of effect of composition on the performance of austenitic SSs and Ni-base alloys.
Both the thermal stability and the corrosion resistance will be significant factors that determine the
performance ofNi-base alloy containers in the proposed HLW repository. Thermal stability, which is strongly
dependent on alloy composition, must be considered since welding will be used to fabricate and close the
WPs. Depending on the thermal loading of the repository, the WPs may be exposed to elevated temperatures
(150 to 250 'C) for extended periods. The formation of secondary phases, as a consequence of welding and
long-term exposure at elevated temperatures, may be detrimental to both the mechanical properties and the
corrosion resistance of the WPs. Time dependent evolution of the near-field chemistry and composition of
the alloy will determine the susceptibility of the containers to degradation by pitting, crevice corrosion, and
SCC. As a result, many possible material degradation mechanisms must be considered to allow long-term
prediction of repository performance. The remainder of this chapter is divided into two sections. Material
characteristics of the austenitic alloys including material properties, microstructure, thermal stability, and
weldments are provided in section 2.1. Environmental effects, including general corrosion, localized
corrosion, SCC, and hydrogen embrittlement (HE) are covered in section 2.2.

2.1

MATERIAL CHARACTERISTICS

2.1.1 Material Properties and Microstructure
The material properties ofNi-Cr-Mo, Ni-Cr-Mo-Fe, and other Ni-base alloys are strongly dependent
on the chemical composition and thermal history. Typically, type 316L SS and Alloy 825 have yield strengths
(YSs) of 170 to 300 MPa. Alloy 22 has a YS greater than 300 MPa and the YS of Alloy 625 is greater than
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400 MPa. The alloys are also quite ductile with elongation to failure in the range of 40 to 60 percent. The
microstructure of the alloys shown in table 2-1 is essentially a single phase, named y, made of a face
center cubic (fcc) crystal lattice. The y-phase is also usually called austenite in Fe-Ni-Cr-Mo alloys. The
alloys may contain several types of precipitates depending on composition and thermal history including
carbides of the M6 C or M23 C6 type, where M can be a mixture of Cr, Mo, and W. For alloys stabilized with
Ti, y' precipitates which are Ni 3 (Ti, Al) can also be present as well as insoluble Ti carbides and Ti nitrides.
The performance of the materials is controlled by alloying additions (Sridhar, 1990; Kane, 1993).
Although the effect of the different alloying additions on the thermal stability and corrosion of the alloys will
be covered in detail in the following sections, a brief description of the purpose of the alloying additions is
provided here.
*

Fe is added to Ni-base alloys to reduce cost; however, it also reduces the oxidation
resistance. Fe can promote the formation of a and g phases that degrade the mechanical
properties of the alloy.

*

Ni is primarily used to stabilize the austenitic microstructure. Ni also provides resistance
against SCC in the presence of Cl-anions.

*

Cr is the main alloying addition to SSs and Ni-base alloys that promote passivity and general
corrosion resistance by forming a stable oxide film on the metal surface. For SSs, a
minimum of approximately 12 wt percent Cr is necessary to form a stable passive film.

*

Mo is added to increase the resistance to localized corrosion.

*

W also increases localized corrosion resistance. As with Mo, the mechanism by which W
increases the localized corrosion resistance is still under debate. Both Mo and W can
stabilize the formation of inter metallic phases.

*

Co is mainly added to alloys designed for high temperature service. Co increases both the
high temperature strength and the workability of Ni-base alloys. Co is usually present in
corrosion resistant alloys as an unintentional impurity.

*

Cu enhances passivity in reducing acids, especially sulfuric acid.

*

N has been used in both austenitic and duplex SSs to increase the resistance to localized
corrosion but is not typically added to Ni-base alloys.

*

Mn is added as a de-oxidant, but decreases the resistance to localized corrosion due to the
formation of MnS inclusions with S usually present as impurity in SSs.

*

C can be added intentionally to SSs to increase strength; however, C in concentrations above
0.02 percent is detrimental to the localized corrosion resistance and thermal stability of both
SSs and Ni-base alloys.
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Table 2-1. Composition of candidate container materials and selected alloys
Unified

jAlloy

System

Des ign**t ion
N06022

Name

Fe
2.0-

I

Ni
bal

6.0
625

5.0

bal

max
N08825

825

N06455

bal

C-4

3.0

N10276

C-276

4.0-

59

1.5

we

686

5.0

600

S31603

316L

S31653
_

_

316LN
I

J

12.5-

2.5-

22.5

14.5

3.5

20.0-

8.0-

-

23.0

10.0
3.5

bal

14.0-

14.0-

18.0

17.0

14.5-

15.0-

3.0-

16.5

17.0

4.5

22.0-

15.0-

-

24.0

16.5

19.0-

15.0-

3.0-

23.0

17.0

4.4

bal

bal

bal

72.0

14.0-

min

17.0

bal

10.014.0

16.018.0

2.03.0

10.0- 116.0114.0
118.0

2.013.0

4

Cu
-

-

2.5-

10.0

bal
1

20.0-

6.0-

____

W

19.5-

max
N06600

M

23.5

max
N06686

Cr

38.0-

7.0
N06059

1

_

46.0
max

JI

1f

__I__li

22

N06625

Weight Percent

r

NumberingT

1.5-

-

Nb
-

-

3.15-

0.40

4.15

max

-

0.6-

3.0
_

-

-

_

-

-

_

0.08

0.35

0.02

0.015

0.02

max

max

max

max

max

max

-

0.50

0.50

-

0.015

0.10

0.015

0.40

max

max

max

max

max

max

0.03

0.05
max

0.03

0.20

max

max

max

0.03

0.015

0.04

-

max

max

max

1.0
max

0.08

-

2.5

1.0

0.08

0.35

0.030

0.02

0.030

max

max

max

max

max

max

max

0.3

0.5

0.10

-

0.005

0.01

max

max

max

max

0.015
max

0.1-

max
-

0.75

0.08

0.02

0.01

0.04

-

max

max

max

max

max

1.00

0.50
max

0.015

0.15

-

-

max

max

max

2.00
max

1.00
max

0.030
max

0.03
max

0.045
max

-

0.045
max

_
_

max

-

-

-

_

_

0.5

max

-

_

1.0

max

_

-

max

-

-

_

2.00

1.00

_

0.030

0.03

max

I max

_[

max

max

_

-

2.0

_

_

P

max

-

--

1__I.......

0.70

0.02-

-

Vc

0.50

-

-

-

Si

max

1.2
-

Mn

2.5

0.25
0.50
max

-

Co*

Ti

T

-

-

_

_

_

0.4
_

_
-

-

|

0.16|0.30

The corrosion resistance of SSs increases with the concentration of Cr and Mo. Additions
of W and N also enhance the corrosion resistance. Although beneficial to performance in
corrosive environments, increasing the concentration of these elements also increases the
cost of the alloy.
2.1.2

Thermal Stability

The thermal stability of Ni-base alloy candidate container materials has received increasing attention
in the past several years. As the thickness of the WP barriers increases, the time interval at which the
materials will be at elevated temperatures during fabrication and closure welding also increases. Several
factors including chemical composition and thermomechanical history influence the thermal stability of
Ni-base alloys. The candidate container alloys shown in table 2-1 are all single phase austenitic materials.
However, exposure to elevated temperatures for extended periods can promote the formation of second
phase precipitates. The formation and detrimental effects of these phases is discussed in the following
sections.
2.1.2.1 Carbide Precipitation and Sensitization
Carbide precipitates, which have been identified as M6 C, M7C3 , and M23 C6, commonly form in
Ni-Cr-Fe alloys, Ni-Cr-Fe-Mo alloys, and austenitic SSs. Precipitation of metal carbides in the temperature
range of 500 to 700 'C results in the formation of a Cr depleted zone adjacent to the carbide precipitates
along grain boundaries that increases the susceptibility ofthe alloy to intergranular corrosion and intergranular
SCC. The formation of carbide precipitates at temperatures above 925 'C does not adversely affect the
thermal stability ofthe alloys. This has been attributed to the faster diffusion of Cr at high temperatures that
replenishes the Cr concentration in the depleted regions. Table 2-2 lists the composition of secondary carbide
precipitates in austenitic alloys. Most often these carbides contain 65 to 95 percent Cr. Hall and Briant (1984)
found the M23 C6 precipitates in thermally aged type 316LN SS contained 19 percent Fe, 65 percent Cr,
3 percentNi, and 13 percentMo. Was and Kruger (1985) reportedthe metallic content of M7 C3 precipitates
in Alloy 600 was 96 percent Cr. Clearly the precipitates are rich in Cr compared to the parent metal. Alloys
containing Mo also have some Mo incorporated into the carbides. Raghavan et al. (1982) reported the
composition of M6 C precipitates in C-276 to contain 27 percent Ni, 47.5 percent Mo, 14.3 percent Cr,
5 percent W, and 2.1 percent Fe. Tawancy (1992) found Mo-rich carbides that also contained significant
concentrations of Ni and Cr in Alloy 625.
Cr depletion profile measurements using an analytical electron microscope (AEM) have been
conducted on several SSs and Ni-base alloys. Hall and Briant (1984) measured 12 wt percent Cr near the
grain boundaries of sensitized type 316LN SS after 100 hr exposure at 650 'C. The overall width of the
depleted region was a function of sensitization time and temperature but was found to extend up to 500 nm
from the grain boundary. Was and Kruger (1985) measure the grain boundary Cr concentration to be less
than 10 percent Cr in Alloy 600 sensitized at 600 'C for 250 hr. Was et al. (1981) measured the Cr
concentration to be as low as 5 percent at the grain boundaries of Alloy 600 that was solution-annealed at
1,100 'C for 30 min and sensitized for 10 hr at 700 'C.
Thermodynamic models have been used to calculate the equilibrium concentration ofCr adjacentto
the chromium carbide precipitates and diffusion models to calculate the Cr depletion profiles. Hall and
Briant (1984) used such an approach to calculate the equilibrium concentration of Cr at the carbide matrix
interface as well the Cr distribution perpendicular to the grain boundary. The bulk diffusion coefficient for Cr
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Table 2-2. Composition of metal carbides in austenitic stainless steels and Ni-base alloys
Weight Percent
Empirical

Formula

Phase

Alloy

Structure

M23C6

316LN

Face center cubic

316L

Face center cubic

825

Face center cubic

825

Face center cubic

C-276

Face center cubic

625

Face center cubic

M6C

v.

Crystal

MC

625

l

l

W

l

Cr

Fe

3

65

19

13

-

Hall and Briant (1984)

5

63

18

14

-

Weiss and Stickler (1972)

-

43

-

-

11

68

10

7

-

27.0

14.3

2.1

47.5

5.0

-

29.7

18.2

2.3

19.4

-

1.7

2.7

-

9.9

(Crj 6 Fe5 Mo2)C6

Mo

l

Ni

_

I

l

I Other

Ti: 46

ReferenceJ

Raymond, 1968
Dunn et al. (1996a)

Co: 1.5
V: 0.3
C: 2.6

Raghavan et al. (1982)

-

Nb: 16.2

Cortial et al. (1995)

-

Nb: 81

Cortial et al. (1995)

Ti: 4.7
M7C3

600

Hexagonal

-

3

94

3

_

600

Hexagonal

-

2

96

2

-

Hall and Briant (1984)

-

-

_

-

-

Was and Kruger (1985)

M

at 650 and 700 'C were 1.34 x 10-16 and 8.62 x 10-16 cm2 /s, respectively. At the grain boundaries, the Cr
diffusion coefficient increased to 1.8 x 10-9 cm 2/s. Similarly Bruemmer (1990) calculated Cr depletion
adjacent to carbide precipitates in type 316 SSusing a thermodynamically based model with a Cr diffusivity
of 2 x 10-16 cm2 /s and C diffusivity of 6 x 10-6 cm2 /s at 650 'C. Values for Cr diffusivity are similar to
those measured by Pruthi et al. (1977) for 5 'Cr in Alloy 600. At 800 'C, the diffusion coefficient of Cr
in Alloy 600 was determined to be 4.9 x 10-14 cm2 /s. Grain boundary diffusion of Cr was determined to be
five to eight orders of magnitude faster than bulk diffusion.
Examination ofsensitization ofAlloy 825 has also been performed (Raymond, 1968; Brown, 1969;
Cragnolino and Sridhar, 1993; Dunn et al., 1996a). Brown (1969) examined the effect of heat treatment on
stabilized Alloy 825 and found that significant sensitization could be obtained. Cragnolino and Sridhar (1993)
showed that solution annealing Alloy 825 prior to thermal exposure in the range of 600 to 8000C for periods
ofup to 15 hr increased the degree of sensitization ofthe material. An activation energy of292.6 kJ/mol was
reported for the sensitization of solution annealed Alloy 825 specimens. Similar values for the activation
energy for the diffusion of Cr in Alloy 600 were reported by Pruthi et al. (1977) to be 277.5 kJ/mol.
Chen etal. (1989) reported a value of 282.9 J/mol for the Cr diffusion in the bulk and 201.8 kJ/mol for the
grain boundary diffusion of Cr in a low C alloy. Dunn et al. (1996a) showed that sensitized Alloy 825
contained M23 C6 precipitates. The Cr concentration at the grain boundaries was measured to be as low as
16 atomic percent compared to a bulk Cr concentration of 24 atomic percent after the solution-annealed
material was sensitized at 700 'C for 15 hr.
The effect of cold work on the sensitization kinetics has been examined by Weiss and Stickler (1972)
for type 316 SS and Park et al. (1994) for Alloy 600. Weiss and Stickler (1972) found that cold work less than
20 percent resulted in the formation of stacking fault clusters. Cold work greater than 20 percent increased
the number of bands of deformation microtwins. Aging of the cold worked specimens resulted in the
acceleration ofprecipitation reactions. Park et al. (1994) reported that the application of6O percent cold work
decreased the peak temperature for M7C3 precipitation from 550 to 350 'C. The decrease in the peak
temperature for carbide formation was attributed to the increased diffusion ofC through defects such as grain
boundaries and dislocations.
The formation of carbide precipitates in SSs and Ni-base alloys and the subsequent sensitization that
follows from exposure at elevated temperatures is detrimental to the performance ofthe alloys when the Cr
concentration adjacent to the carbide precipitates is sufficiently low to promote intergranular corrosion. Lower
Cr concentrations and higher C concentrations serve to increase the susceptibility ofthe alloy to sensitization.
Increasing the Mo concentrations of the alloys reduces the detrimental effects of carbide formation and
sensitization. Brown (1969) showed that the effect of sensitization of Alloy 625 was much less than that of
Alloy 825. Newer, more corrosion-resistant alloys such as 22 and 59 have large additions of Mo and have
very low C concentrations in order to reduce the susceptibility of the material to sensitization.
2.1.2.2 Topologically Close Packed Phases
The early Ni-Cr-Mo alloys contained high concentrations of C and Si. Together these alloying
elements resulted in the formation of carbides that were detrimental to the corrosion resistance and
mechanical properties ofthe alloys. The advent of argon-oxygen decarburization (AOD) melting resulted in
the ability to reduce the C and Si concentrations substantially. However, these alloys can undergo solid-state
phase transformations in the range of 600 to 900 'C that result in the formation of intermetallic phases. A
review of the literature on the formation and composition of topologically close packed (TCP) phases is
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provided in this section. Since the formation of these phases typically does not occur below 600 'C, TCP
phase precipitation is not likely to occur during the long-term exposure of the WP to the temperatures
expected in the proposed HLW repository. Formation of TCP phases, which may occur during fabrication
as a result ofheat treatment and welding processes, can significantly reduce the impact strength and corrosion
resistance of Ni-Cr-Fe-Mo alloys and may have a significant effect on the long-term performance of the
container materials. Table 2-3 lists the composition of TCP phases identified in several austenitic SSs and
Ni-base alloys. Formation of TCP phases in Alloys 22, C-276, C-4, and 625 has been examined by
Cieslak et al. (1986a,b), Raghavan et al. (1982, 1984), and Tawancy (1992, 1996). The formation of these
phases can be predicted through the use of d-electron calculations. Early attempts to predict the formation
of these intermetallic phases was conducted using the average electron hole number (Nj)defined as

N, = Z(xi)(n i )

(2-1)

where x; is the atomic fraction of element i and nV' is the electron hole number of element i. Empirical data
from commercial alloys allowed the determination of compositions that were not prone to the formation of
a, g, and Laves phases. Subsequently the stability of these alloys was determined by Morinaga et al. (1984)
using the average d-electron energy above the Fermi level, Md. Calculation of Md is similar to N, and is given
as

Md = Z(xi)(md)

(2-2)

where x; is the atomic fraction of element i and md' is the metal d-level of element i. Zhang et al. (1993a) has
shown that phase stability calculations using Md resulted in a better correlation with experimental
observations of grain boundaries than N, for predicting the formation ofa-phase in Ni-Cr-Co alloys designed
for high-temperature turbines.
The chemical composition and crystal structure of a-phase are similar to those of M23C6
carbides. Ni-base alloys that contain moderate concentrations of Mo and Fe are susceptible to a-phase
formation. Additions of Si and W also stabilize a-phase. It must be noted, however, that a-phase can
be formed in alloys without Fe and W. Raghavan et al. (1984) observed the formation of a-phase in a
6ONi-3OCr-lOMo alloy at 830 'C. Additions of Cr stabilized a-phase whereas decreasing the Cr
concentration and increasing Mo stabilized P-phase. Continued additions of Mo with Cr reductions resulted
in the stabilization of ji-phase which was observed for 60 percent Ni alloys containing 15 to 25 percent Cr
and 10 to 20 percent Mo. The formation of a-phase has been reported for both 316 SS (Weiss and
Stickler 1972) and Alloy 22 (Cieslack et al., 1986a). Calculation of the phase stability of Alloy 825
(Cragnolino and Sridhar, 1993) revealed that this alloy may be susceptible too-phase formation; however,
this phase was not detected after solution annealed (1,200 'C for 10 min) specimens were heat treated for
periods of up to 100 hr at 750 'C (Dunn et al., 1996a).
The chemical composition and crystal structure of ,-phase was found to be quite similar to M6 C
carbide (Raghavan et al., 1982). As shown in table 2-3, ,i-phase is enriched with Mo. Studies conducted by
Raghavan et al. (1984) using alloys with 60 percent Ni and 40 percent Cr + Mo or 50 percent Ni and
50 percent Cr + Mo indicate that jL-phase was not observed at 1,250 'C. When the temperature was lowered
to 850 'C, the formation of g-phase was preferred over that of P-phase for 60 percent Ni alloys with 15 to
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Table 2-3. Composition of topologically close packed phases in austenitic stainless steels and Ni-base alloys
- _______

Phase

Structure

22

Tetragonal_

316L

< |

Crystal

Alloy

Tetragonal

Empirical

Formula

-_______

W eight Percent

Cr

1iFe
Fe

IMO
Mo

W

34.5

23.4

2.2

34.9

4.2

5

29

55

11

-

-

Weiss and Stickler (1972)

42.1

-

-

Raghavan et al. (1984)

31.9

-

-

Raghavan et al. (1984)

Ni

(Fe,Ni),(Cr,Mo)y

-_______
C

Other

Reference

Other

Reference

Co: 0.9

Cieslak et al. (1986a)

6ONi-25Cr-lSMo

Tetragonal

-

29.4

28.5

60Ni-30Cr-l0Mo

Tetragonal

-

28.1

40.0

22

Hexagonal

-

33.1

19.3

2.1

38.7

6.3

Co: 1.6

Cieslaketal. (1986a)

C-276

Hexagonal

-

28.0

11.0

2.0

49.5

7.5

Co: 1.5

Raghavan et al. (1982)

60Ni-2OCr-20Mo

Hexagonal

_

31.6

17.1

-

51.3

-

-

Raghavan et al. (1984)

60Ni-25Cr-l5Mo

Hexagonal _

30.7

18.9

-

50.4

-

-

Raghavan et al. (1984)

22

Tetragonal

32.6

21.7

5.3

37.0

5.3

Co: 0.9

Cieslaketal. (1986a)

C-276

Tetragonal

-

33.5

15.2

3.5

39.7

6.2

Co: 1.0

Cieslak et al. (1986a)

C-276

Tetragonal

-

27.9

13.3

4.9

1 48.0

4.0

Go: 1.7

Raghavan et al. (1982)

6ONi-2OCr-2OMo

Tetragonal

-

31.2

18.4

-

50.4

-

|| 60Ni-25Cr-l5Mo

Tetragonal

-

30.0

23.9

-

46.1

-

_

oo

P

<11

Laves

625

BCT

625

Hexagonal

625

Orthorhombic

1

Ni3 (Nb,Ti)

-

27.9

-

Ni,(Nb,Ti)

|--

14.7

-

1.6
-

-

26.1

-

-

Raghavan et al. (1984)

|
-

Raghavan et al. (1984)

-

Tawancy (1992)

Nb: 25
Si:2.9
-

Cortialetal.(1995)
I Tawancy

(1992)

25 percent Cr and 10 to 20 percent Mo. At temperatures below 600 'C the formation of p-phase is not
expected. This is supported by the results ofRebak and Koon (1998) who indicated the absence of p-phase
in either Alloys 22 or C-276 after aging for 40,000 hr at 427 'C.
The effect of alloying elements on the formation of p-phase was also examined by Tawancy (1996)
for Alloys B, B-2, S, X, C, C-4, C-276, 22, 625, and 230 in the temperature range of 540 to 870 'C. For
Alloys B, C, C-276, and 22, p-phase was typically located adjacent to Mo-rich M6 C carbides. Alloys with less
than 3 percent Fe including B-2, S,230, and C4 did not precipitate p-phase after 16,000 hr at 540 or 670'C.
Two heats of Alloy 625 were investigated. Alloy 625 with less than 3 percent Fe did not precipitate p-phase
whereas this phase was observed in a heat of Alloy 625 with greater than 3 percent Fe. The susceptibility
to p-phase formation for various alloys as a function ofNi/(Fe + Co) ratio and Mo + W concentration supports
the notion that Fe and Co lower the electron to atom ratio ofthe alloy and stabilize the formation of p-phase.
In contrast to the work of Tawancy (1996), Matthews (1976) reported the formation of p-phase in
Alloy C4 after aging at 760 and 871 'C for periods of 4,000 and 8,000 hr. Examination of the thermally
treated material microstructures revealed no carbide formation. The absence ofcarbides in this case can be
attributed to the low C content (0.002 percent) of the alloy. Electron to atom ratio calculations suggest that
the formation of p-phase should not be expected for Alloy C-4. The formation of p-phase in this case indicates
that reducing the p-phase stabilizers such as Fe merely slows the kinetics of formation.
The thermal stability of Alloy 625 is complicated by the addition ofNb (Tawancy, 1992). Alloy 625
has Nb-rich MC carbides that act as preferential sites for y" or Ni 3 (Nb, Ti) precipitates and Mo-rich
M6 C carbides that promote the formation of a Ni 3 Mo2 Si Laves phase. The hcp Laves phase was observed
to form after 100 hr at both 760 and 870 'C with more Laves phase formed at the higher temperature.
Precipitation of the y" phase was observed in the early stages of aging at 760 'C and after 1,000 hr at
650 'C. With increased time at 760 'C, the y" phase was transformed to the orthorhombic8-Ni 3 Nb phase
which was also enriched with Ti. Formation of these phases in Alloy 625 is detrimental to the corrosion
resistance of the material. As a result of Cr depletion, both y" and 6 phases are anodic to the matrix.
The strong segregation ofNb and Ti during solidification causes Ni-base alloys with these alloying elements
to be prone to TCP phase precipitation (Zhang et al., 1993b). Nb and Ta stabilize the formation of Laves
phase (Cieslak et al., 1986b).
The formation ofTCP phases can result in reduced ductility and a sharp decrease in impact strength.
Mechanical property degradation ofseveral Ni-base alloys was suggested by Tawancy (1996) to be the result
ofthe complex crystal structure of p-phase or increased atomic disorder. Precipitated p-phase may also act
as a barrier to dislocation movement and provide an easy path for crack propagation. Figure 2-1 shows the
effect of aging time at 870 'C on the impact strength of Alloys C-4 and C-276. It is evident that a
considerable loss of impact strength was observed for Alloy C-276 a a result of p-phase formation. On the
other hand, Alloy C4, which did not precipitate p-phase even after aging for 16,000 hr. did not exhibit a sharp
decrease in the impact strength. Matthews (1976), who observed p-phase formation in Alloy C-4, reported
reduced impact strength ofthe aged alloy. The impact strength, measured using Charpy tests, decreased from
223 ft-lb for the mill annealed material to 32 ft-lb for the material aged at 760 'C for 8,000 hr. In addition,
aging of Alloy 625 resulted in the widespread formation ofNi3Nb that lowered the Charpy impact strength
from 81 ft-lb to 5 ft-lb after 1,000 hr at 760 'C (Matthews, 1976).
Along with decreased mechanical properties, the formation of TCP phases, which are typically
enriched in Mo, can also reduce the corrosion resistance of Ni-Cr-Mo-Fe alloys. The composition of
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Figure 2-1. Charpy impact energy for Alloys C-4 and C-276 thermally aged at 870'C (Tawancy,
1996)
a-phase has been reported for type 316 SS to contain 29 percent Cr and 11 percent Mo (Weiss and
Stickler, 1972). The Cr and Mo content of a-phase in 316L SS is considerably greater than the bulk
composition ofthe alloy. Formation ofthis phase may result in Cr depleted zones in the grain boundary regions
adjacent to a-phase precipitates and decrease the intergranular corrosion resistance ofthe alloy. Hodge and
Ahluwalia (1993) indicated that a sufficient quantity of ,u-phase in Alloy C-276 is formed in at 900C
6 minutes to cause a significant increase in corrosion rate in both ASTM G28A and ASTM G28B tests
compared to nonthermally exposed material. Tawancy (1996) observed that the formation of ,-phase also
decreased the corrosion resistance of Alloy C-276 in boiling 10 percent HCI and boiling 50 percent H2 SO4
+ 42 gAL Fe 2(SO4) 3 . Increased corrosion in boiling 10 percent HCI indicates the presence of Mo depleted
zones around ,-phase precipitates. The depletion of Mo can also be expected to decrease the localized
corrosion resistance of the alloys in chloride containing solutions. Increased corrosion in the oxidizing
50 percent H2SO4 + 42 g/L Fe 2(SO4) 3 solution indicated the presence of Mo-rich precipitates in the alloy.
Heubner et al. (1989) studied the formation of intermetallic and carbide precipitates in Alloy 22 and
developed the time-temperature-precipitation diagram shown in figure 2-2 based on microstructural
examinations and corrosion rates measured using ASTM G28A test solution. It is apparent that the formation
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Figure 2-2. Time-temperature-precipitation diagram for Alloy 22 (Heubner et al., 1989)

of precipitates in the grain boundaries occurs after O.25 hrat 800 to 900'C. With increasingtimethe fraction
of grain boundaries with precipitates increases and precipitation within the grains occurs after 3 hr at 900°C.
In the annealed condition, no intergranular corrosion of Alloy 22 was observed in the ASTM G28A test and
the overall corrosion rate was determined to be 0.72 mm/yr. In the sensitized condition significant
intergranular corrosion was observed and the overall corrosion rate increased to 7.2 mm/yr.
2.1.2.3 Long-Range Ordering
Ni-base alloys containing Mo also exhibit long-range ordering (LRO) reactions during exposure to
temperatures in the range of 500 to 900 'C. The composition of the ordered phase is primarily dependent on
the composition of the alloy. Ordered phases have been identified as Ni4 Mo (D1i), NiMo (DO
22), and
Ni2 Mo (Pt2 Mo). All of these superlattices are related and can be directly derived from the parent fcc lattice
by atom rearrangements on the (420) fcc planes (Tawancy and Abbas, 1989).
The possible use ofLRO [Ni2 (Mo,Cr) precipitates] has been examined as a strengthening mechanism
for Alloy 242 (Kumar and Vasudevan, 1996; Rothman and Srivastava, 1993; Dymeketal., 1991). TheYS
of the material increased from 310 to 790 MPa after aging at 700 'C for 1,000 hr. Ordering resulted in a
decrease in the ductility of the alloy as indicated by a decrease in the fracture strain from 0.7 to as low as 0.2
after aging for 1,000 hr at 725 'C. In addition, the fracture mode of tensile test specimens changed from
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transgranular failures for the disordered material to transgranular and intergranular after the formation of
Ni2 (Mo,Cr) precipitates. Rothman and Srivastava (1993) showed that up to 40 percent cold work did not
accelerate the ordering reaction. Detailed investigations ofHE susceptibility have not been performed forthe
ordered alloy although this is recognized as a potential problem for the ordered material. Rothman and
Srivastava (1993) reported no cracking forAlloy 242 aged at 650 'C for 24 hr in 45 percent MgCI 2 at 154 0C
after 1,008 hr of exposure. It must be noted that the results of Kumar and Vasudevan (1996) indicate that
the fracture strain of Alloy 242 is still high after aging at 650 'C for 24 hr. It is apparent that the SCC tests
performed by Rothman and Srivastava (1993) were not conducted on specimens exhibiting maximum SCC
susceptibility.
LRO has also been investigated for Alloys C-4, C-276, and 22 at temperatures from 260 to 6000C
(Asphahani, 1977; Rebak and Koon, 1998; Hodge and Ahluwalia, 1993). Ordered alloys were found to have
increased corrosion rates in both ASTM 28A and ASTM 28B test solutions. Data for Alloy C-276
(Asphahani, 1977) suggests that cold work increases the kinetics of the LRO reaction. After 40,000 hr at
427 'C, some LRO was observed for Alloy 22 along with a slight increase in the YS and decrease in ductility
(Dodge and Ahluwalia, 1993). Extrapolation ofthe LRO data reported by Rebak and Koon (1998) suggests
that significant LRO would occur after 9,000 yr at 300 'C.
2.1.2.4 Investigations at Lawrence Livermore National Laboratory
The thermal stability of Alloy 22 is presently being investigated by the DOE in collaboration with
Haynes International. A decreased impact strength concurrent with increased YS and decreased ductility as
a result of ,-phase formation in Alloy 22 were recently reported by Edgecumbe- Summers et al. (1999). The
results of Charpy impact toughness as a function of aging temperature for two heats of Alloy 22 are shown
in figure 2-3. At 700 and 750 'C, sharp decreases in the impact strength were observed after aging for 2,000
and 16,000 hr. Unfortunately, reductions in impact strength for shorter aging times, as might be expected
during welding and annealing operations, were not reported. The need to examine the effect low-temperature
aging on the phase stability of Alloy 22 has been identified (McCright, 1998). Rebak and Koon (1998)
emphasized the need for long-term Alloy 22 aging tests so that extrapolations of phase stability can be
performed within the temperature range of 100 to 250 'C over a 10,000 yr period. The conceptual design of
a 300 yr aging experiment has also been discussed (McCright, 1998) where samples would be aged at
temperatures of 427 and 300 'C. By extending the performance confirmation period of the repository, the
300 yr aging test results could be used to determine if the containers need to be removed from the
emplacement drifts so that the waste may be repackaged in the event of significant deterioration of
mechanical properties.
2.1.3

Weldments

The fabrication ofthe corrosion resistant Ni-base alloy HLW disposal container will require multiple
welds. In addition, closure of the containers will also require welding. The long-term performance of the
corrosion-resistant HLW disposal containers will be dependent on the weldability of the material and the
performance of the welded regions. Failure of the welded regions are possible as a result of many factors
including hot cracking, formation of secondary phases that reduce the corrosion resistance or ductility ofthe
welded regions, and residual stresses in the welded regions that can promote SCC. Hot cracking and
secondary phase formation will be addressed in this section whereas SCC will be addressed in section 2.2.3.
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Figure 2-3. Charpy impact energy of two thermally aged Alloy 22 heats (Edgecumbe-Summers et
al., 1999)

2.1.3.1 Microstructure of Weldments
Hot cracking of stainless austenitic alloys is a well recognized problem that occurs during the
solidification ofthe welds. A review of austenitic weld metal microstructure by Olson (1985) indicates that
3 to 8 percent8-ferrite is required in the welds ofaustenitic SSs to reduce hot cracking susceptibility. Control
of the 6-ferrite content is critical for the performance of the welds since 6-ferrite has a ductile to brittle

transition temperature that lowers the fracture strength of the welded regions in low service temperature
environments particularly when a continuous network is present. At high temperatures,S-ferrite transforms
to the brittle a-phase (Olson, 1985; Gill et al., 1989).
The formation of 6-ferrite can be predicted by the Schaeffler diagrams shown in figure 2-4
(Olson, 1985). These diagrams were empirically developed for SSs. Although not quantitatively correct for
Ni-base alloys, it is evident that the base composition ofthe austenitic Ni-base candidate container materials
lies well within the austenitic region ofthe diagram. Segregation ofthe alloying elements in Ni-base alloys is
known to occur and can alter significantly the composition ofthe welded regions. Additions ofNb, Ti, Ta, Mo,
and Al tend to segregate to the interdendritic regions whereas Cr, Co, W, and Ni segregate to the dendritic
arms (Zhang et al., 1993b). The 5-ferrite content in the welds of the type 316NG SS inner overpack
proposed in the EDA II design needs to be adequately controlled. In Ni-base alloys such as 625, C-4, 22, and
C-276, segregation of Ni to the dendritic arms is not sufficient to stabilize the formation of6-ferrite.
However, other secondary phases have been observed in the welded regions of these alloys.
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Figure 2-4. Schaeffler diagram for Ni-Cr-Mo-Fe alloys (Olson, 1985)
Cieslak et al. (1986a) studied hot cracking susceptibility of Alloys C-4, 22, and C-276 autogeneous
welds (no filler metal added) using a gas tungsten arc welding (GTAW or TIG) process with a welding speed
of 20 cm/min and the Varestraint test that subjected the welds to 0.8 to 2.5 percent bending strain.
Alloy C-276 was found to be the most susceptible to cracking. Alloy 22 was found to be only slightly less
susceptible whereas C-4 was much less susceptible. A substantial fraction of thea-phase is transformed upon
further cooling to P-phase and a small amount of g-phase. The formation of brittle TCP phases was
identified as the major factor in the increased hot cracking susceptibility of Alloys 22 and C-276 relative to
C-4. The absence of TCP phase formation in Alloy C-4 welds can be attributed to the absence of W, the low
Fe content and insufficient segregation of Ni and Fe. Differential thermal analysis, used to examine
solidification of the alloys, showed peaks at 1,285 'C for Alloys C-276 and 22. Precipitation of P-phase was
identified for Alloy C-276 and a-phase for Alloy 22. Examination of Alloy C-276 welds revealed that the
dendrite cores were depleted in Mo and enriched in Ni and Fe. The interdendritic volumes were also enriched
in Ti but no Cr segregation was observed. The welds contained equal distributions of P- and li-phase.
Alloy 22 welds were found to have P-, a-, and Li-phases. Distributions of these phases were approximately
80 percent P-phase, 20 percent a-phase, and only a trace of ji-phase. The TCP phases of these alloys were
enriched in Mo and W and depleted in Ni and Fe. Isothermal sections for the Ni-Cr-Mo system show that Pphase can be stabilized relative to ri-phase by the addition of Cr. Further Cr additions stabilize a-phase
relative to P-phase. On the other hand, the addition of Mo tends to stabilize P-phase relative too-phase.
Further Mo additions stabilize L-phase relative to P-phase. During the solidification of C-276,y-phase is
originally formed followed by the formation of P-phase at 1,285 'C and finally L-phase. The high
concentration of Mo in Alloy C-276 stabilized a significant amount of p-phase in the welded regions. For
Alloy 22, solidification proceeds with the formation of y-phase followed by a-phase at 1,285 'C.
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Analyses of the alloying element distribution in welded regions were also performed by
Cieslak et al. (1 986b). Elements known to stabilize the body-centered cubic (bcc) ferritic phase are Cr, Mo,
Si, Ti, Nb, W, Ta, V, and Al. The fcc austenitic phase is stabilized by Ni, Co, Cu, Mn, N, and C. For
Nb-containing alloys such as 625 and 718, the hcp Nb-rich Laves phase is known to form in the welded
regions. The interdendritic regions of these alloys are depleted in Ni and enriched in Mo, Nb, and Ti.
Similarly, Alloys C-4, C-276, and 22 are depleted in Ni and enriched in Mo and Ti. As a result, the Mdi of
the weld increased from a stable value in the dendrite core to unstable values in the interdendritic regions
suggesting the formation of TCP phases for the welded material. The critical average d-electron energy above
the Fermi level Mdc"' for the formation of TCP phases is given by

Mdrit = 6.25 x 10-5 T + 0.834

(2-3)

where T is the temperature in K. For Alloy 625, the Mdcn' is 0.926, and for the Alloys C-4, C-276, and 22, the
Mdcnt is 0.931. The Mdcnt for P and a-phase were reported to be similar. However, the Mdcnt for Laves phase
was less than either of the other TCP phases. The ability to predict the formation of TCP phases was not
sufficient to predict hot cracking of the welded regions.
The formation of microcracks on underlying weld beads in multipass welding for 7ONi-16Cr-8
Fe-3Nb and 69Ni-l4Cr-8Fe-l .5 Nb alloys was examined as a function of welding conditions by Morishige
and Okabayashi (1986). In general, abrupt heating was proposed as the cause of microcrack formation. When
the interpass temperature was increased from 20 to 150 'C, the formation of microcracks ceased to occur.
Decreasing the heat input and increasing the welding speed was also observed to increase the formation of
microcracks.
Stephenson (1990a,b) reviewed weld metal consumables for SSs and Ni-base alloys. Increasing the
heat input of Alloy 625 welds reduced the segregation of W, Mo, and Nb to the interdendritic phase.
However, a much coarser dendritic microstructure, which was more prone to corrosion was produced.
Increasing the heat input also resulted in the formation of a-phase in the welds rather than Laves phase.
In addition, y"phase (Ni3 Nb) was also observed in the Alloy 625 welds. Low heat inputs were recommended
for preventing the precipitation of secondary phases. The use of rapid solidification techniques such as laser
welding may also reduce the formation of TCP phases.
Welding of Alloy 59 was examined by Hoffman et al. (1995). Laser welding has been successfully
used to produce long seam welds on pipes. Laser welding produces low thermal stresses and a uniform
distribution of alloying elements. The hot wire tungsten inert gas (TIG-HW) is the most favored technique
for this alloy when welding sections are greater than 5 mm in thickness. This method produced welds using
a lower heat input with lower distortion and a smaller heat affected zone (HAZ). In addition the corrosion
resistance of the welds, evaluated using ASTM G28A and ASTM G28B, were found to be better with the
TIG-HW than with other welding methods. Alloy 59 was not found to be susceptible to hot cracking.
2.1.3.2 U.S. Department of Energy Investigations
Work conducted by the DOE has focused on the segregation of alloying elements in the welds along
with the subsequent formation of TCP phases and the fabrication of multibarrier WPs. Characterization of
welds was recently initiated. Several mockup containers have been produced including the most recent
Alloy 22 inner barrier with an A516 steel outer container (TRW Environmental Safety Systems, Inc., 1998a).
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The inner Alloy 22 barrier was formed by welding two 1-in. thick plates together and then roll forming the
plates to a cylinder. The long seam welds were accomplished using a manual shielded metal arc weld
(SMAW). Seam welds on the outer container were also produced using the SMAW method. After grinding,
the welds were inspected using a liquid penetrant inspection. The ends of the cylinder, which would be
subsequently welded during lid installation, were also ultrasonically inspected. Lids for the inner Alloy 22
container were 1-in. thick and were ultrasonically inspected within 2 in. of the weld area. Prior to installing
the lids, the inner Alloy 22 cylinder was placed inside the outer A5 16 steel cylinder that was heated to 37 10 C
(700 'F), using a natural gas flame. The inner Alloy 22 cylinder was lowered into the heat expanded A516
steel container. After the Alloy 22 cylinder was placed in position, the outer container was allowed to cool
and shrink around the Alloy 22 inner container. In the cooling process, the Alloy 22 inner container reached
a maximum of260 'C (500 'F). Ultrasonic inspection ofthe shrink-fit cylinders suggests that uniform contact
was obtained between the inner and outer containers. Welding ofthe inner Alloy 22 lids was performed using
narrow groove gas tungsten arc welding (NG-GTAW) with a hot wire feed while rotating the cylinder. Three
one-quarter length root tacks were initially placed to hold the lids in place for the welding process. A
continuous welding process was than used to form the lid weld. Nine passes were required and one additional
conditioning pass was also used. Each weld pass was completed in approximately 23 min, which in turn
translates into a total weld time of less than 4 hr to weld each lid. Ultrasonic inspection ofthe inner Alloy 22
container lid revealed no defects in the weld, however, a small area with some lack of fusion was found in
the outer container lid.
Residual stress measurements were also performed on the mockup containers. The maximum tensile
stresses were found within 3 degrees of the circumferential direction adjacent to the weld. Tensile stresses
were reported to be in the range of 648-814 MPa (94-118 ksi). The maximum principal residual stress at the
weld centerline were found to be tensile within 6 degrees of the circumferential direction and were
determined to be in the range of 276-407 MPa (40-59 ksi). Some uncertainty regarding the residual stress
measurements was indicated since the residual stresses were greater than 50 percent of the yield stress of
the material (ASTM E837-95).

2.2

ENVIRONMENTAL EFFECTS

The effects of aggressive environments on the performance of Ni-base alloys has received much
attention and many reviews on the localized corrosion resistance of these materials has been published.
Ni-base alloys such as C-4, C-276, 22, 59, and 686 were developed for corrosion resistance over a broad
range of environmental conditions including both oxidizing and reducing environments. The addition of
substantial amounts of Cr and Mo stabilize the passive films on the surface and reduce the susceptibility of
these alloys to localized attack. These materials, along with other Ni-base alloys, have found uses in the
chemical process industries, nuclear reactors, and pollution control systems. In addition, these alloys have been
evaluated for use as nuclear waste disposal container materials and as components in geothermal energy
systems.
The disposal and isolation of HLW for thousands of years will require long-term prediction of the
container material performance. Several possible environmental degradation modes that need to be considered
include localized corrosion such as pitting and crevice corrosion, SCC and HE, since these degradation
processes may result in unexpected early container failures. Prediction and evaluation of WP performance
must consider the conditions necessary for these degradation processes. Extending the lifetimes of the
containers to several thousand years may only be possible if localized degradation processes are avoided.
Underthese conditions, the passive corrosion ofthe materials will determine the lifetime ofthe WPs. Proper
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assessment of the expected container performance should include consideration of the range of expected
environments, such as temperature and the concentration of aggressive species, and the effects of fabrication
processes on the material properties. Many evaluations of the proposed container materials have been
conducted using the unaltered base metal. Such investigations are nonconservative because they do not
account for the possible adverse effects of fabrication and welding on the corrosion resistance ofthe alloys.
2.2.1

Passive Films and General Corrosion

Since the container lifetimes can be directly related to the presence of passive film, factors that
influence the stability of the passive oxide layer must be considered in order to estimate the long-term
performance ofthe corrosion-resistant containers. In general, the most important parameters that determine
the stability of the passive layer are the composition of the alloy, and the chemical composition and
temperature of the service environment. In addition, aging of the passive film may also have a significant
effect on the long-term performance of the corrosion-resistant container materials.
Characterization ofthe passive film on CRMs has been conducted using a variety of surface analysis
techniques including Auger electron spectroscopy (AES), X-ray photoelectron spectroscopy (XPS), and
secondary ion mass spectroscopy (SIMS). Many investigations have focused on the formation and
compositional evolution ofthe two layer passive films including the incorporation ofCl- ions from solution.
Passive films formed on Fe-Cr and Ni-Cr alloys tend to be enriched in Cr. Passivation in acidic electrolytes
promotes the preferential dissolution of Fe and Ni oxides. Marcus and Grimal (1992) used XPS to examine
the passive film formation on Ni-2 ICr-8Fe in 0.05 percent H 2SO4 and found that the inner oxide layer
contained as much as 96 percent Cr2O3 and 4 percent Fe2 0 3 . Passivation was proposed to occur in three
steps: (i) enrichment of Cr as a result of selective dissolution and adsorption of hydroxyl ions, (ii) growth of
Cr2 0 3 islands within the hydroxide layer, and (iii) the formation of a continuous compact Cr 20 3 covered by
hydroxide. Boudin et al. (1994) reported significant enrichment of Cr in the oxide layer of Ni-Cr alloys.
For alloys containing at least 17 percent Cr, the inner oxide layer was observed to have up to 80 percent Cr.
Similar results obtained using XPS were obtained by Haupt and Strehblow (1995). Passive layers on Fe-I 5Cr
alloy specimens passivated for times up to I wk at 0.9 VSCE in 0.5 M H 2SO4 contain up to 70 percent Cr as
a result of preferential dissolution of Fe.
The presence of impurity elements such as S in the alloys can disrupt the integrity ofthe passive film.
Marcus and Grimal (1990) examined the role of S on the passivation of a Ni-Cr-Fe alloys in 0.05 M H2 SO4
The presence of S was found to disrupt the formation of the passive film. The S doped alloys had higher
passive dissolution rates and greater critical current densities for passivation. Analyses ofthe passive films
using XPS revealed that S was present as Ni3 S2 . The oxide layer of the passivated S doped alloy was
composed of 84 percent Cr2 0 3 and 16 percent Ni3 S2 with a thickness of 1.2 nm. The oxide layer was covered
by an outer hydroxide layer 1.1 nm thick composed of 79 percent Cr(OH)3 and 21 percent Ni(OH)2 .
Examination of compositional changes occurring in passive films has also been performed on a variety
of alloys exposed to Cl--containing environments. Preferential dissolution of Fe and Ni oxides in these
solutions results in the significant enrichment ofCr in the passive layers. Compositional changes in the passive
films may improve the short-term performance ofthe alloys by retarding the initiation of localized corrosion.
Increasing the Cr concentration ofthe passive films results in decreased passive current densities as well as
greater resistance to film breakdown. Olefjord and Wegrelius (1990) examined the passive films formed on
Fe-2OCr-18Ni-6Mo-0.2N SS in 0.1 M HCI + 0.4 M NaCI solution at potentials in the range of-0.1 to
0.5 VSCE. The oxide layer thickness increased with potential. Both Cr and Mo were enriched in the oxide and
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hydroxide layers. Increasing the potential was observed to decrease the Cr and Mo concentrations in the
oxide and increase the Fe concentration. Hubschmid and Landolt(1993) examinedthe passivation ofFe-3Cr
alloy in solutions containing H2 SO4 + Na2 SO 4 with and withoutNaCl. Auger analysis of the passive films
revealed that the Cr was enriched at the surface. The amount of Cl- in the passive film was dependent on
the Cl- concentration ofthe solution in which passivation was attained. Films that incorporate an increased
Cl- content were more susceptible to breakdown. Landoltetal. (1990) examined Fe-24Cr and Fe-24Cr- IMo
alloys in H2SO4 + Na2 SO4 solutions with and withoutNaCl. Lower Cl- concentrations were found in passive
films on the Mo containing alloy. Marcus and Herbelin (1993) used36 Cl to determine the entry ofCl- ions into
passive films. In the active state, Cl- ions were adsorbed on the Ni surface and formed a hydroxy-C[- layer.
Contrary to some previous reports, Marcus and Herbelin (1993) found Cl ions in the passive films ofNi when
the passivated material was immersed in a Cf containing solution at potentials below the pitting potential. The
Cl- ions were not adsorbed on the film surface but were incorporated into the oxide. When passivated in a
Cl- containing solution, the oxide film has higher concentrations ofCt at the metal oxide interface. Yang et al.
(1994) examined the effects of aging on the composition ofthe passive film and dissolution rate of a Fe- 17 Cr
alloy. Aging of the passive films was performed at 0.390 VSHE in solutions containing 0.02 M Cl-. Passive
current densities decreased with time from 0.16 pA/cm 2 after aging 1hr to 0.04 gA/cm2 when aged for 24 hr.
The composition of the hydroxide layer was up to 95 percent Cr(OH) 3 after 1 hr and 90 percent after 27 hr.
The thickness ofthe hydroxide layer decreased while both the fraction ofCr and thickness ofthe oxide layer
increased. After aging for I hr, the oxide layer consisted of 55 atomic percent (cation) Cr3+ and was
determined to be 1.9 + 0.2 nm thick. After 27 hr, the (cation) Cr3 + in the oxide layer increased to 75 atomic
percent with a thickness of 3.1 ± 0.2 nm. Similar Cr concentrations were reported in the passive films of
type 316L SS aged in seawater for 200 hr (Beccaria et al., 1995).
Kirchheim and coworkers (Schneider et al., 1990; Heine and Kirchheim, 1990; Kirchheim et al., 1989,
1990) conducted a series of investigations focused on compositional changes in the passive layers and their
relation to passive dissolution rate for a variety of alloy systems. Schneider et al. (1990) examined Fe-Mo,
Fe-Cr, and Fe-Cr-Mo alloys in H 2 SO4 with and without the addition ofNaCl. Passive current densities of
10 nA/cm 2 were reported for an Fe- 17Cr alloy in 1N H2 SO 4 . Chlorine was detected in the passive films only
when the alloys were passivated in NaCI containing H2SO 4 . Mo was found to be enriched in the pit solution
but not in the passive film. Kirchheim et al. (1990) calculated the expected steady-state passive current
densities for the full range of Fe-Cr alloys based on the dissolution kinetics of the pure metals. Alloys with
12 to 13 percent Cr have steady-state passive dissolution rates of less than 10-' A/cm2 , which agrees well
with experimental measurements. Heine and Kirchheim (1990) and Kirchheim et al. (1989) calculated the
dissolution current density of Fe-Cr alloys in 1 N H 2SO4 by measuring the concentrations of Fe and Cr in
solution using atomic absorption spectroscopy. Passive current densities decreased as the Cr concentration
in the alloy increased. The passive current density for a 15 percent Cr alloy after a 96-hr exposure was
0.06 pA/cm 2. A lower passive current density of 0.014 IiA/cm2 was measured for pure Cr. Assuming
dissolution as Cr3 +, the passive dissolution rate for pure Cr corresponds to a corrosion rate of
1.3 x 10-4 mm/yr. Calculated passive dissolution current densities, obtained by analyzing the electrolyte for
Fe and Cr concentrations, for Fe-Cr alloys containing 0 to 100 percent Cr are shown in figure 2-5
(Kirchhein et al., 1989). Analysis ofthe oxide films using XPS indicates that Cr enrichment was observed for
all Cr-containing alloys with the oxide of the Fe-1 8 Cr alloy having 58 to 65 atomic percent (cation) Cr.
In addition to reducing the passive dissolution rate, increasing the Cr concentration ofthe passive film
as a result of selective dissolution has also been reported to increase the time necessary for the initiation of
localized corrosion. Ogawa et al. (1990) observed that the initiation time increased as the fraction ofCr in the
passive film increased above 50 percent. Olsson and Homstrom (1994) used AES and XPS to investigate the
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Figure 2-5. Anodic dissolution rate for Fe-Cr alloys (Kirchheim et al., 1989)
changes to passive films formed on Alloy 254 SMO tested in FeCl 3 solutions. The purpose of the
investigation was to determine the wide variation in critical pitting temperature (CPT) values obtained in
FeCI 3 solutions (ASTM G48) depending on the test procedure. When specimens are immersed in this solution
preferential dissolution of Ni and Fe occurs if the temperature is too low to initiate pitting corrosion. If the
aged film is retained (i.e., the specimen is not repolished), then the aged Cr-rich passive layer delays the onset
of pitting when the temperature is increased. On the other hand, when the specimens were repolished after
each exposure temperature, the CPT decreased substantially. Repolishing removes the Cr-enriched passive
film and decreases the pitting initiation time. In sufficiently aggressive environments, the corrosion potential
of the material will vary strongly as a result of repeated initiation and repassivation events.
The passive films of Alloy C4 also showed an increased Cr concentration in the oxide film compared
to the bulk alloy (Lorang et al., 1990) indicating that the behavior of Ni-Cr-Mo alloys is quite similar to the
Fe-Cr alloys. The maximum Cr concentration was observed when the alloy was passivated at-0.2 VSCE
in 5 M NaCl at 20 'C for 2 hr. Increasing the applied potential decreased the Cr concentration and increased
the Cl- concentration in the passive layer. In contrast, alloys passivated at 90 'C had higher Cr
concentrations, which may be attributed to the faster dissolution rate ofNi and Mo at elevated temperatures.
The Mo concentration of the passive layer was much lower than that in the bulk alloy.
The electronic properties of the passive films on Cr-containing alloys have also been investigated.
Hakiki et al. (1995) characterized the electronic properties of Fe-Cr alloys containing up to 30 percent Cr.
Oxide films were found to contain an outer layer of Fe oxide and an inner layer of Cr oxide. Increasing Cr
concentration in the alloy was found to increase the Cr content ofthe oxide film. The electronic nature ofthe
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oxide also changed as Cr content of the alloy increased and the p-type semiconductor response of the alloy
increased with increasing Cr content. The flatband potential is the transition potential between p-type
semiconducting behavior occurring at negative potentials and n-type semiconduction observed at anodic
potentials. Da Cunha Belo et al. (1998, 1999) measured a flatband potential of-0.5 VSCE for type 316L SS
exposed to seawater. Schmuki and Bohni (1992) have observed the onset of metastable pitting at potentials
anodic to the flat band potential.
2.2.1.1 Investigations Conducted at Lawrence Livermore National Laboratory

Measurement of the passive corrosion rate of several candidate container materials has been
performed at Lawrence Livermore National Laboratory (LLNL). General corrosion rates were reported by
McCright(1998) for Alloys 625, C-4,22, and other candidate materials ina simulated groundwater solutions.
The solutions were maintained at either 60 or 90 'C and tests were conducted for periods of 6 mo to 1 yr in
each offour solutions. Simulated dilute well water (SDW) had a target Cl- concentration of67 ppm, whereas
the concentrations of the other major anions were as follows: 64 ppm NO3-, 167 ppm S042-, and 947 ppm
HCO3;. The solution pH was measured to be 8.4 to 9.9. Simulated concentrated well water (SCW) had a
target Cl- concentration of 6,700 ppm, whereas the concentrations ofthe other major anions were as follows:
6,400 ppm NO;, 16,700 ppm SQ42, and 70,000 ppm HCO 3 . The solution pH was measured to be 8.3 to 9.7.
Simulated acidified well water had an identical composition to SCW with the exception that no HCO3; was
added and the solution was acidified to pH 2.7. Although the target Cl- concentration was 6,700 ppm, actual
Cl- concentrations were in the range of 22,900 to 24,300 ppm. No explanation ofthe large Cl- concentration
discrepancy was provided. Simulated cement-modified water (SCMW) had a target Cl- concentration of
4.1 ppm while the concentrations ofthe other major anions were as follows: 4.9 ppm NO 3 -,1,201 ppm S042-,
2
and 9 ppm HCO3 -. The solution pH was measured to be 7.5 to 7.6. In addition, the SCMW had a target Ca '
concentration of452 ppm. The general corrosion rates for Alloys C-4, 625, and 22 were calculated from the
weight loss of specimens that were fully immersed, exposed to the vapor phase, or partially immersed at the
water line and varied between - 0.04 and 0.13 glm/yr. Alloy C-4 exhibited the highest corrosion rates and
Alloy625 the lowest. Corrosionrates forAlloy22 were ashigh as 0.08 im/yr(8 x 10- mm/yrorequivalently
8 x 1O9 A/cm2 ). It must be emphasized that the corrosion rates were calculated from the weight loss
measurements and passive current densities were not measured using electrochemical techniques. Corrosion
rates measured at LLNL are somewhat lower than those measured by Kirchheim et al. (1989) for Fe-Cr
alloys and are close to both the measured and predicted passive corrosion rate for pure Cr (Kirchheim et al.,
1990). Growth ofan oxide film on the specimen surfaces may partially be responsible for the low calculated
corrosion rates. Negative corrosion rates may indicate oxide film growth or the deposition of dissolution
products or salts present in the solutions.
Passive corrosion rates of 0.2 ,m/yr were also calculated from the passive current density measured
during cyclic potentiodynamic polarization (CPP) in solutions containing I to 5 percent NaCI at pH 2.7 and
a temperature of 60 or 90 'C. Measurement of passive corrosion rates from cyclic polarization tests usually
overestimate corrosion rates since the potential sweep rate commonly used does not allow sufficient time to
reach a steady-state dissolution current. On the other hand, the system must be well deaerated in order to
accurately measure the passive dissolution rate in order to avoid interference with the oxygen reduction
reaction that will tend to decrease the measured anodic current.
Knowledge of the passive dissolution rates is key to predicting the performance of passive HLW
container materials in the absence of localized corrosion. Presently, container lifetime calculations performed
by the DOE have used variations of the corrosion rate from 1 x 10-2 to 10 gim/yr corresponding to a passive
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current density variation from 10-9 to 10-6 A/cm 2 at 90 'C. At 25 'C, however, the passive corrosion rate
is assumed to vary between 10-4 to 10-' jim/yr corresponding to 1 0 -"l to 10-8 A/cm 2 . It is important to note
that the values used by the DOE are not supported by numerous measurements and calculations reported in
the literature. A passive current density of 10-'I A/cm 2 is lower than either the experimentally measured or
calculated values previously reported in the literature and reviewed here.
2.2.1.2 Center for Nuclear Waste Regulatory Analyses Investigations
Investigations conducted at the CNWRA have focused on determining the passive dissolution rates
ofAlloy 22 in a range ofCl[ containing solutions. Corrosion rates ofAlloy 22 in solutions containing 0.028 to
4 M Cl- were measured under potentiostatic polarization using crevice-free smooth cylindrical specimens.
All solutions were deaerated in order to obtain accurate anodic current density measurements at potentials
in the range of 200-800 mVSCEattemperatures of2O and 95 'C. Specimens were polished to a 600 grit finish
and weighed prior to being immersed and held potentiostatically for a period of2 days while the anodic current
density was recorded. The resolution of the system was confirmed to be 1.25 x 10-0 A/cm 2 . At the
conclusion of the test, the specimens were reweighed and examined for signs of corrosion.
The steady-state anodic current densities for the dissolution of Alloy 22 and the corresponding
corrosion rates in units of mm/yr as a function of potential and Cl- concentration are shown in figure 2-6
(Dunn et al., 1999). Current density values reported in figure 2-6 were measured after steady-state rates
were attained in a minimum of 10 hr at the potentials indicated. After 48 hr ofpotentiostatic polarization, the
specimens were removed, reweighed, and examined for signs of localized corrosion. Anodic potentials in the
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range of 200 to 800 mVSCE were applied in order to measure passive current densities at the lower potentials
and determine the susceptibility of Alloy 22 to pitting corrosion and transpassive dissolution at higher
potentials. At 200 mVSCE, the passive current density was in the range of 1 x 10-8 to 2.5 x 10-8 A/cm2 and
was not strongly dependent on Cl- concentration. A gold-colored film was observed on all specimens after
exposure. As the potential was increased the film grew darker in color. An anodic current density of
6 x 10-5 A/cm2 was measured at 600 mVSCE in 0.5 M NaCi at 95 'C. Examination of the specimen at the
conclusion ofthe test revealed that high currents were a result oftranspassive dissolution rather than pitting
corrosion. Similar behavior was observed for specimens tested in 0.028 M NaCl at 950 C and 0.5 M NaCI
at 20 'C at a potential of 800 mVSCE in which the current densities were about 10-5 A/cm2 . Transpassive
dissolution resulted in the formation of loosely adherent black and green corrosion products on the surface
of the specimens.
From the potentiostatic tests shown in figure 2-6 performed with specimens which did not have
creviced surfaces, it is apparent that the passive dissolution of Alloy 22 is very low. If localized corrosion is
not initiated and the corrosion potential (ECO0 T)of the WPs are less than 400 mVSCE, the low corrosion rate of
Alloy 22 can be expected to extend the lifetime of a 20-mm-thick container to over 200,000 yr. At higher
potentials where transpassive dissolutions was observed, failure may occur in a few thousand years.
Transpassive dissolution at high potentials, rather than the initiation of localized corrosion, suggests that
Alloy 22 is very resistant to pitting corrosion in NaCl solutions. The effect of welding and fabrication was not

addressed yet, but is the subject of further studies. Formation of TCP phases in Ni-base materials may alter
both the resistance of the alloys to localized corrosion as well as increase the passive dissolution rate
(Kasparova, 1998).
2.2.2

Localized Corrosion

As shown in table 2-1, the current candidate Ni-base alloy for corrosion resistant HLW containers,
Alloy 22 and the recently developed Alloys 686 and 59 contain 20 to 23 wt percent Cr and 13 to 16 percent
Mo. Alloys 22 and 686 also contain W. Since Alloys 686 and 59 are relatively newer materials, there are
limited independent data on the performance of these alloys in environments applicable to the conditions
expected in a HLW repository. Alloy 22, developed in the early 1980s, has been used in a variety of
applications and the performance of this material in a variety of environments has been analyzed. The
performance ofother Ni-base alloys such as C-276, C-4, and 625 has also been widely examined for a variety
of industrial applications.
In the chemical process industries, Ni-base alloys have been used in a variety of processes that
require highly corrosion-resistant alloys. Industrial experience has shown that several anions are known to
be aggressive to Ni-base alloys. The most common aggressive anion responsible for localized corrosion for
naturally occurring systems is Cl-. Sulfides and sulfur oxyanions (e.g., thiosulfate) are also known to be
aggressive to Ni-base alloys. Since the predicted environment at the proposed HLW repository at Yucca
Mountain, Nevada, is not expected to have appreciable concentrations of sulfides or sulfur oxyanions, Clin the groundwater is expected to be the primary aggressive species that could induce localized corrosion of
the WP. Groundwater at the YM site may also contain sulfate anions. Previous testing has shown that sulfate
may slightly inhibit localized corrosion initiation but does not affect the repassivation oflocalized corrosion for
Alloy 825 (Sridhar et al., 1995b). The effect of dissolved sulfate on the localized corrosion of Alloy 22 is
expected to be similar to that observed for Alloy 825.
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Pitting and crevice corrosion of Ni-base candidate container materials are possible under certain
conditions. Equations for calculating the pitting index originally developed for SSs typically account for Cr
and Mo additions and have been empirically determined for a variety of alloying elements. The pitting index
PRE = Cr + 3.3 Mo + 13 N

(2-4)

indicates the resistance of the alloy to pitting corrosion and is typically determined using ASTM 28A that is
designed to determine the CPT of an alloy to an oxidizing Cl- environment. The pitting resistance equivalent
(PRE) for austenitic SSs with Cr, Mo, and N is shown in Eq. (2-4)
It must be noted that the coefficients for Mo and N can deviate considerably from one reference to
another. Although the pitting index is quite useful for determining the corrosion resistance of SSs based on
alloy composition, it is only of limited use for Ni-base alloys. The resistance to localized corrosion depends
largely on the composition and microstructure of the alloy. The present aim of the DOE HLW container
program is to develop a WP that will contain SNF and vitrified waste for many thousands of years. In order
to reach this objective, localized corrosion must not penetrate the corrosion-resistant WP barrier. Selecting
a material that is not susceptible to localized corrosion in an environment considered to be bounding in terms
of corrosivity at the proposed repository site will clearly eliminate early penetration of the WPs.
2.2.2.1 Repassivation Potential Tests
The resistance of Ni-base alloys to pitting and crevice corrosion in Cl- containing environments is
primarily dependent on the addition of alloying elements. An important concern identified in a previous
review (Sridhar et al., 1994) is the limited experience with long-term performance predictions based on
laboratory tests for engineering applications of the alloys of interest. This is especially true of the highly
corrosion-resistant austenitic Ni-base alloys that have been available for 20 yr or less. One method identified
to bridge the laboratory and service exposure data is the use of the repassivation potential to identify
environments where localized corrosion can be initiated.
The use of repassivation potential for long-term prediction of localized corrosion has been discussed
in many previous reports and publications. Several important points must be made about the use of this
approach. Repassivation potential measurements can be performed using a variety of methods. For the
present application repassivation potentials measured in Cl- solutions are of the most interest. Pit protection
potentials or pit repassivation potentials (Ep) measurements are typically made with well polished specimens
that are free of crevices. Previous research has shown that the value of ET depends on temperature,
Cl- concentration, and the depth of the pits for shallow pits. For deep pits, the repassivation potential is
independent of pit depth. In contrast, the repassivation potential measured on specimens with crevices
(Ercrv) is less dependent on the penetration depth than Ep. Crevices are often found in engineered structures
and, as a result, Erc.v is the more appropriate parameter for making long-term performance predictions. The
strong dependence of the Er,,v on temperature and Cl- concentration require that the upper limits for these
environmental variables be known. In addition, values of Erev are of little use without knowledge of the
corrosion potential (Eros). Predicting the performance of the material in a specific application can be
accomplished by comparing Ercrev and Eo.r Localized corrosion can be expected when E:0 r is greater than the
Ercrev. Repassivation of the localized attack will occur when E,0r decreases below Ercev. This methodology has
been used to predict the performance of a variety of candidate HLW container materials.
Several cases where the repassivation potential can be used to predict field performance have been
identified (Sridhar et al., 1994) and include both seawater applications (Bernhardsson and Mellstrom, 1983;
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Kain, 1993) and pulp and paper manufacturing (Laliberte and Garner, 1981). The performance of the
materials in these cases strongly suggests that the use of the repassivation potential is a consistent method
to predict the onset of localized corrosion of SSs and Ni-base alloys. Repassivation potential measurements
for a large number of SSs and Ni-base alloys has been reported by Okayama et al. (1987). However, in many
cases, important factors such as measurements of corrosion potential during service for field exposures are
not readily available.
Several more recent investigations have also focused on evaluating the expected performance of SSs
and Ni-base alloys using the repassivation potential. Latha and Rajeswari (1997) evaluated Alloys 59 and
C-276 as construction materials for seawater applications. The protection potentials for both materials,
measured using cyclic polarization were greater than 600 mVscE. Based on the high pit protection potential
measured, they concluded that both Alloy 59 and C-276 would be suitable for seawater applications. As
previously indicated, using the repassivation potential to predict the performance of the material requires
knowledge of the range of corrosion potentials that can be expected during exposure. In addition, laboratory
measurements performed with creviced specimens may provide more conservative repassivation potential
values in tests where the penetration depths are shallow compared to values obtained with shallow pits. The
more conservative Ercrev values are better predictors of in-service performance since crevices are usually
present in most engineered structures and components. The conclusions of Latha and Rajeswari (1997) are
based on incomplete information since they neither measured the repassivation potential for creviced
specimens nor the Ec.,, of the materials in seawater. In addition, the combination ofa relatively fast scan rate
of I mV/s, and the scan direction being reversed at 3 mA/cm 2 most likely resulted in shallow pits with high
E., compared to either deep pits or more conservative Ercrev values. Previous investigations by both
Kain (1993) and McCafferty et al. (1997) have observed crevice corrosion of Alloy C-276 in seawater. The
incorrect conclusions of Latha and Rajeswari (1997), namely that C-276 is an appropriate material for
seawater applications, was reached by failing to measure the Ercrev and the E.... of this material.
The effect of temperature and Cl- concentrations on the crevice corrosion repassivation potentials,
Er c,,v, of Alloy 625, measured by Amano et al. (1995) is shown in figure 2-7. Lower repassivation potentials
were observed in higher Cl- concentrations. Temperatures around 100 0 C were reported to have the lowest
Ercv values. At temperatures less than 125 0 C, Ercrev is a strong function of Cl- concentration and is as low
as -290 mVSCE in 10 percent Cl- at 100 'C. It is unclear, however, why more noble Ercrev values were
measured at temperatures above 125 'C.

2.2.2.2 Critical Pitting and Crevice Corrosion Tests
Investigations have been conducted to determine the optimum alloy needed for a specific application
or range of environments. These data are generated using standard tests such as ASTM G48 or MTI-2
procedures in aggressive environments that are developed to rank a group of alloys in terms of corrosion
resistance. The CPT and the critical crevice temperature (CCT) tests are two of the most common tests used
to rank the performance of alloys. Test specimens are typically exposed at open circuit in a solution
maintained at a constant temperature. After the 24 hr exposure, the specimens are removed and examined
for signs of corrosion. If no localized corrosion is initiated, then the test temperature is increased and the
specimens are again exposed for a period of 24 hr. Whereas CCT and CPT measurements are useful for
ranking the relative performance of alloys, results of these tests cannot be used for predicting the long-term
performance of an alloy. It is important to note that in these tests the CCT and CPT values correspond to
initiation times shorter than 24 hr. Longer exposures in the same environment at lower temperatures may also
result in the initiation of localized corrosion. In addition, there are significant differences in the pH, Cl-

2-24

200

X

100

A 100oC
0 125TC

_

>S

13 150'C
0

A 175'C

0 200C
-100

-200

-300

-

__
0.1

_

Il
1.0

l l l l__
10.0

l l l lll
100.0

NaCI concentration, percent

Figure 2-7. Repassivation potentials of Alloy 625 as a function of temperature and Clconcentration (Amano et al., 1995)
concentration and redox potential ofthe various solutions typically used for CCT and CPT tests. As a result,
the critical temperatures for localized corrosion are strongly dependent on the test solution.
Kolts and Sridhar (1 985a) have shown that the corrosion potential ofNi-Cr-Mo alloys in a range of
oxidizing environments is either near the redox potential for the environment (measured using Pt as an inert
electrode) when no localized corrosion is initiated, or less than the redox potential of the environment after
localized corrosion is initiated. As a result, the CPT and CCT can be viewed as short-term potentiostatic pit
initiation tests. The potential ofthe specimens is dependent on the redox potential ofthe test solution. Kolts
and Sridhar (1985a) reported that the redox potentials oftest solutions containing 4 percent NaCi deaerated
with H2 was -0.3 VSCE. In solutions with added, redox couples, the redox potential of the solution was a
function of temperature. With Cu+/Cu2 +, the redox potential was 0.25 VSCE at 25 'C and 0.4 VSCE at 90 'C.
With the addition of Fe2 +/Fe3+, the redox potential increased to 0.46 VSCE at 25 'C and 0.6 V SCE at 90 'C.
A 4 percent NaCl solution with I percent HOCI was observed to have a redox potential of 0.950 VSCE. For
comparison to natural systems, Renner et al. (1986) reported the redox potential of artificial seawater to be
0.160 VSCE.

CPT for several Ni-base alloys are shown in table 2-4. Renner et al. (1986) reported a CCT of
greater than 80 'C for Alloys C-4, C-276, and 22 in 10 percent FeCl 3 6H2 O. Alloy 625 had a CCT of 580 C
and a CPT higher than 80 'C. Tests on 25-6Mo (Fe-25Ni-2OCr-6Mo) showed that the values for the CPT
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decreased by as much as 10 0 C when the test time was extended from 24 to 72 hr. Values for the CCT
ranged between 32 to 50 'C. Hibner (1987) reported much lower CCT values using a modified procedure
that included repolishing the test specimens prior to increasing the temperature ofthe solution. Modifying the
existing procedure was reported to be a more focused evaluation of the material rather than the oxide. By
abrading the oxide prior to each exposure, the cumulative effects of aging ofthe passive film were eliminated,
which yielded lower CPT values (table 2-4).
Recognizing that outside of the chemical process industries, many applications where
corrosion-resistant Ni-base alloys are used or are proposed for use do not have environments that contain
significant concentrations of FeCl3 or combinations of boiling acids, tests have been conducted where the
critical temperature for localized corrosion in a simulated service environment is measured at a specific
applied potential. The choice of potential, which may be varied using a potentiostat, is determined by the
expected corrosion potential of the component in service. For example, Tsujikawa and Okayama (1990)
reported that the critical temperature for crevice corrosion ofAlloy 625 in 3.4 M NaCI was near 60'C using
a potential of -200 mVSCE. At lower Cl- concentrations, the CCT increased and was greater than 80 'C in
1M NaC1. The increase in crevice corrosion susceptibility with increasing temperature is consistent with the
concept of a critical temperature for localized corrosion.
From the many independent investigations ofNi-base alloys in a variety oftest solutions, the effects
ofthe alloying additions can be summarized. The critical temperature for localized corrosion ofNi-base alloys
in oxidizing Cl- solutions has been shown to be dependent on the amount of Cr and Mo in the alloy
(Okayama et al., 1987; Manning et al., 1983; Renner et al., 1986). For example, Alloy C-276, having
15 percent Cr and 16 percent Mo, has been shown to be much more corrosion-resistant than Alloy 625 that
contains 21 percent Cr and 9 percent Mo. Alloy 22, which contains 21 percent Cr and 13 percent Mo (plus
3 percent W), is much more corrosion-resistant than Alloy 625. Crook et al. (1997) concluded that higher Cr
contents provide better performance in oxidizing acids whereas the performance in reducing acids is largely
dependent on the concentration of Mo and W. Several studies have been conducted on the effect of Mo on
the localized corrosion resistance ofNi-Cr-Fe-Mo alloys. Clark et al. (1990) indicated that Mo stabilized the
passive film and decreased the number of localized corrosion initiation sites. In addition to inhibiting initiation
of localized corrosion, Luo and Ives (1997) speculated that Mo may also form a salt layer in the bottom of
actively growing pits that reduces the propagation rate. Cavanaugh et al. (1983) suspected that negatively
charged MoO 42' ions may displace Cl- ions from actively corroding surfaces and promote repassivation.
2.2.2.3 Welding and Fabrication Effects
Welding is necessary to fabricate Ni-base alloys into useful components and is proposed as a method
to fabricate the WPs for HLW disposal. Although the Ni-base alloys proposed as candidate container
materials have excellent corrosion resistance, the performance of the welds in these materials may be
substantially less than the unwelded or parent material. The increased localized corrosion susceptibility ofthe
welds is a result ofthe segregation of alloying elements during solidification For extended times at elevated
temperatures, the LRO and TCP phase formation can also decrease the corrosion resistance of the welds.
For many applications, the weld filler material is selected to overmatch the base metal (Kiser, 1997). Welding
with matching filler metals results in microsegregation ofMo that results in preferential attack in the welded
regions. In contrast, using a filler enriched in Ni and Mo compensates for the microsegregation that occurs
in welding.
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Table 2-4. Critical pitting temperatures and critical crevice temperatures for several Ni-base alloys in various environments

Environment
7 volume percent H2 SO4 + 3
volume percent HCI +
I percent FeCI3 +
1 percent CuCI2

4 percent NaCI +
0.1 percent Fe2(SO4)3 +
0.01 M HCI

Unified Numbering
System Designation

1 Critical Pitting
|

Temperature,°C

6 percent FeCI3

10 percent FeCI 3

Critical Crevice
Temperature,°C
_

Reference

N06022

120

N10276
N06455

110
90

Manning et al. (1983)
Manning et al. (1983)

N06625

75

Manning et al. (1983)

Manning et al. (1983)

N06022

101

Manning et al. (1983)

N10276

80

Manning et al. (1983)

N10276

155

N06455

45

Kolts and Sridhar (1985a)
Manning et al. (1983)

N06625

t'j
-.1

|
|

25

Manning et al. (1983)

N06625

100

Kolts and Sridhar (1985a)

N08825

25

Kolts and Sridhar (1985a)

N06059

115

N06022

95

Agarwal and Kohler (1998)
Hibner (1987): Treseder and Degnan (1995)

__52-55

N10276

_

45-50

Hibner (1987); Treseder and Degnan (1995)

N06625

_

25-35

Hibner (1987); Treseder and Degnan (1995)

N06455

20

Hibner (1987); Treseder and Degnan (1995)

N08825

2.5

Hibner (1987); Treseder and Degnan (1995)

N06022

>85

N06059

>85

50-67
>85

ASTM G-48
Agarwal and Kohler (1998)

Investigation of container materials for the German HLW disposal program (Smailos, 1993) has
focused on Alloy C4 and Ti-0.2Pd alloys. In brine environments containing 25.9 percentNaCl at 150'C, no
localized corrosion of the welded C-4 specimens was observed. General corrosion rates determined from
weight loss measurements after 18-mo exposures were in the range of 0.06-0.07 gm/yr. The addition of
6 x 10-4 M Na2 S*9H 2 0 to the NaCI brine increased the general corrosion rates to 0.12 gum/yr and resulted
in the formation of pits up to 200 pim deep following an 18-mo exposure. In brines with 26.8 and 33 percent
MgCl 2 , the welded C-4 had a corrosion rate of 5-6 Jim/yr. A maximum pit depth of 900 gm was observed
after 18 mo in 33 percent MgCl 2 at 150 'C.
Sridhar (1990) measured the CPT of Alloys 22 and C-276 in 12 percent I4SO4 + 1.2 percent
HC1 + 1percent CuCl 2 + 1percent FeCl 3 solutions (24-hr exposures) as a function ofwelding heat input. For
both materials, the CPT decreased after welding. The CPT for Alloy 22 decreased from 120 'C prior to
welding, to 90 'C after welding using heat inputs of 10-40 KJ/in. Likewise, the CPT for Alloy C-276
decreased from 110 'C without welding to 85 'C after welding. The decrease in the CPT after welding was
attributed to the formation of detrimental TCP phases such as g-phase and the associated Mo-poor dendrite
cores that are more susceptible to localized corrosion.
2.2.2.4 In-Service Experience
Corrosion-resistant Ni-base alloys have been used in a variety of applications requiring resistance to
uniform and localized corrosion. These applications include seawater, pollution control, geothermal energy,
and supercritical water oxidation. As a result ofthe aggressive conditions ofexposure in these applications,
many studies have been conducted to evaluate a number of corrosion-resistant alloys. Materials, environments
and testing methods can vary substantially in these studies; however, many contain valuable information on
the localized corrosion resistance and uniform corrosion rates ofN i-base alloys in aqueous systems. Most of
the seawater exposure data is at ambient temperature. On the other hand, the evaluation of materials for
geothermal energy conversion was typically performed at temperatures above 100 'C. Data from pollution
control systems and supercritical water oxidation involve environments that may not be easily be related to
those anticipated in the proposed HLW repository. Nevertheless, valuable information on the possible
degradation modes, effect of alloying elements, and methods to predict long-term performance may be
obtained by reviewing the literature on these industrial applications.
Bickford and Corbett (1985) measured corrosion rates in defense waste processing environments
found in preliminary melter offgas condensate which contained 20,000 ppm Ctr, 2,300 ppm F, and 1,400 ppm
SO4 2-. Alloy C-276 had corrosion rates of 0.002 mm/yr at both 40 and 90 °C in a simulated condensate
solution at pH 6. When the simulated condensate was acidified to pH 1.6, the corrosion rate increased to
0.008 mm/yr at 40 'C and 0.22 mm/yr at 90 'C. Corrosion rates for Alloy 22 in pH 1.6 condensate were
0.005 mm/yr at 40 'C and 0.05 mm/yr at 90 'C. In the pH 6 condensate, the corrosion rates were
0.005 mm/yr at 40 'C and 0.012 mm/yr at 90 'C.
Research associated with geothermal energy conversion focused on the corrosion resistance of SSs
and Ni-base alloys in high-salinity, high-temperature groundwater. Corrosion tests at the LLNL test station
in the Salton Sea Geothermal Field included specimens of Alloys 625 and C-276 (Harrar et al., 1977,1978).
The specimens were tested in 100 'C brine containing 12 percent Cl- at a pH of3.4. General corrosion rates,
calculated using linear polarization, were 0.00 15 mm/yr for Alloy C-276 and 0.007 mm/yr for Alloy 625.
Corrosion potentials were measured to be - 0.02 VSCE for Alloy C-276 and - 0.174 VSCE for Alloy 625. Since
the measured E for Alloy C-276 was 0.880 VSCE, the alloy was not considered susceptible to localized
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corrosion. Alloy 625 was also considered not susceptible to localized corrosion since the ELwas lowerthan
the EP of 0.3 VSCE. It should be noted, however, that the E. ,rofmaterials can change with time. For the case
of Alloy 625, E,0lr greater than ET may not be difficult to achieve in a system with an oxidizing species.
Harrar et al. (1978) considered other materials, such as 29Cr-4Mo alloys, susceptible to localized corrosion
since ECOTT was greater than the Erp. It should be noted that the breakdown potentials measured in polarization
scans were not used as criteria to determine the susceptibility of the alloys to localized corrosion.
Syrett et al. (1980) also used the Ep criteria to forecast the susceptibility ofAlloys 625 and C-276 to localized
corrosion in 200 'C brine containing 9.7 g/L Cl-. The presence of 1.8 mg/L sulfide decreased the En ofthe
alloys but not enough to make the materials susceptible to localized corrosion.
Several reports published by Cramer, Carter, and coworkers (Carter and McCawley, 1978; Cramer
and Carter, 1980; Carter and Cramer, 1974,1980; Cramer et al., 1984) have reported uniform corrosion rates,
localized corrosion, and stress corrosion susceptibilities of SSs and Ni-base alloys considered for use in
geothermal energy conversion systems. Pitting of Alloy 625 was reported in wellhead brine containing
115,000 ppm Cl- at 215 'C. In previous work, Carter and Cramer (1974) reported crevice corrosion of
Alloys 625 and C-276 following a 15-day exposure in 105 'C brine containing 155,000 ppm C[-with 30 ppm
sulfur. Unfortunately no measurement of ECOTT was performed in these exposures. Pit penetration rates for
Alloy 625 were 220 gm/yr after 45 days. It is important to note that the pit penetration rates, calculated after
15,30, and 45 days ofexposure, decreased with time. Crevice corrosion susceptibility and general corrosion
rates were reported to increase in Salton Sea known geothermal resource area (KGRA) brine at 232 'C
when 02 was introduced into the system (Cramer and Carter, 1980). Corrosion rates after 30 day exposures
increased from 0 mm/yr under deaerated conditions to 0.49 mm/yr in brine with 02 for Alloy 625. Similarly
the corrosion rate of Alloy C-276 increased from 0 to 0.15 mm/yr when 02 was added to the brine. Crevice
corrosion penetration rates were reported to be greater than 0.13 mm/yr for Alloys 625 and C-276 in the
0 2-containing brine. No crevice corrosion was observed on Alloy C-276 in deaerated brine.
Corrosion rates in geothermal brines are, as expected, dependent on the composition of the alloy,
environmental composition, and temperature. Dirketal. (1980) reported corrosion rates of less than 2 gm/yr
for Alloy C-276 in brine containing 776 ppm Cl- at 135 to 163 'C. Lee and Kramer (1980) reported corrosion
rates of Cr-Mo alloys in 204 'C brine containing up to 172,200 ppm Cl-. The corrosion rates decreased as
the Cr and Mo content increased. Corrosion rates of 26 Cr-l Mo was 7.7 ,im/yr and for 18 Cr-2 Mo, the
corrosion rate was 7.4 gim/yr. A higher corrosion rate of 18.2 gm/yr was observed for 9 Cr-I Mo.
Evaluation ofNi-base alloys for seawater applications has been reported by Hack (1983), Streicher
(1983), and Oldfield (1995). Hack (1983) reported no crevice corrosion ofAlloy 625 after 30 days exposure
to fresh, filtered seawater. Similarly, Streicher (1983) reported no crevice corrosion ofAlloys 625 and C-276
in seawater after exposure for 90 days. In contrast, the results of long-term tests conducted for a period of
2 yr (Oldfield, 1995) indicate that crevice corrosion of Alloys 625 and C-276 can be initiated in both natural
and chlorinated seawater at ambient temperature. Alloy 625 was more susceptible to crevice corrosion and
the maximum depth of attack was measured to be 0.098 mm after a 2 yr exposure. No crevice corrosion was
observed for Alloys 22 and 59. The pitting resistance index also did not provide a good method to determine
the performance ofthe alloys since the PRE ofAlloy C-276 is quite close to that of Alloy 22. Unfortunately,
no corrosion potentials were measured during these exposures. The observation of crevice corrosion after
90 days exposure suggests that the E,.ff of both Alloys 625 and C-276 are above their respective ET values
for this environment. The long time required to initiate localized corrosion, however, suggests that the E,,,T
is less than the Er. In addition, the formation of a well-aged oxide film may decrease the passive current
density of the alloys during exposure resulting in a higher Ecor.
2-29

2.2.2.5 Investigations Conducted at Lawrence Livermore National Laboratory
Localized corrosion testing at LLNL has been conducted on a wide variety of materials including
Alloys 825, G-3, G30, C-4, 22, and 625 (Roy et al., 1997; McCright, 1998). No localized attack has been
reported for these materials tested in the environments described in section 2.2.1.1 for periods of up to 1 yr.
Testing has included creviced, welded, and also U-bend type specimens. Unfortunately, no corrosion
potential measurements have been performed on the test specimens in this facility.
Testing at LLNL has also included both potentiodynamic and potentiostatic polarization tests.
Potentiodynamic polarization tests were used to measure the Epit and the Eprot (also called Ep). Only Epi, values
are reported (McCright, 1998) and it is stated that Epit is the minimum potential at which localized corrosion
can be initiated. Further, it is stated that no pits can be initiated at potentials less than the Epi, measured in
potentiodynamic polarization tests although existing pits can continue to propagate at potentials above Eprot
and less than Epit.
Values of Epit were reported for the materials tested in solutions containing 1 to 10 percent NaCI.
Solution pH was adjusted to values in the range of 2.7 to 11.0 and temperatures varied from 30 to 90 'C.
Decreasing Epit values were observed as the C[ concentration was increased except for Alloy 22 that had
measured Epi, values greater than 600 mVSCE. For most of the alloys, the effect of pH was minimal although
the reported Epi, values of Alloy 22 decreased from 700 to 400 mVSCE as the solution pH was varied from 2.7
to 7.0. This change with pH may just be a reflection of the variation in the equilibrium potential for the 02
evolution reaction since it decreases as the pH increases. Temperature had the greatest effect on Epit with
decreased Epi, values measured at 90 'C. Results for Alloy G30 as a function of temperature and CY
concentration are shown in figure 2-8. The pitting potential decreased with Cl- concentration as previously
shown by Semino et al. (1979) for several Ni-base alloys.
Potentiostatic tests were conducted for several of the alloys at potentials above the measured Epit
values. Pitting of Alloys 825 and G3 was reported when specimens were potentiostatically held at potentials
above Epit. Potentiostatic test results for the other alloys were not reported. In addition to tests conducted at
potentials above Epit, potentiostatic tests were also conducted on several materials at potentials above the
measured E,.r For Alloy G30 no localized corrosion was observed at potentials less than 300 mVSCE. Crevice
corrosion was observed after 20 hr at potentials above 350 mVSCE in solutions maintained at 30 'C. Since
crevice corrosion was observed at these potentials for Alloy G30, these data are included in figure 2-8 with
the Epit values determined using potentiodynamic polarization. Although values of Epit for Alloy G30 at 30
'C were not reported by McCright (1998), Epi, values can be expected to be at least as high as those measured
at 50°C or greaterthan 700 mVSCE. Comparison of the Epi, values and the potential at which crevice corrosion
was observed clearly demonstrates that the onset of localized corrosion cannot be predicted using Epit since
localized corrosion occurred at lower potentials. As previously indicated, the prediction of long-term
performance SS andNi-base alloy components for geothermal energyproduction have been based on the Eprot
(Harrar et al., 1977, 1978; Syrett et al., 1980).
2.2.2.6 Center for Nuclear Waste Regulatory Analyses Investigations
In the NRC TSPA (TPA Version 3.2) code, the Erp for localized corrosion is used to predict both the
long-term initiation and repassivation of localized corrosion. Localized corrosion in the form of pitting and
crevice corrosion was observed on type 316L SS and Alloy 825 when the E'o0 was greater than the Ep for
localized corrosion (Sridhar et al., 1995a,b; Dunn et al., 1996a). Long-term Ec0,, measurements for Alloy 825
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Figure 2-8. Pit initiation potentials for Alloy G30 measured using cyclic polarization and potentials for
crevice corrosion initiation under potentiostatic conditions (McCright, 1998)
have shown a gradual increase in the Eorr to more noble potentials with time (Brossia et al., 1998). Tests
conducted for Alloy 825 indicate that E.Or values up to 300 mVSCE can be obtained in air-saturated 1,000 ppm
C[ solutions at 95 'C. Higher E.,, may be realized for Ni-Cr-Mo alloys with well aged passive films that
have been shown to reduce the passive dissolution rate. The Ep approach has also been utilized to predict the
performance ofthe more corrosion resistant candidate container materials such as Alloys 625 and 22. As with
the less CRMs, localized corrosion is assumed to be initiated without an induction time when the E,., is
greater than the Er. Since the Ep is a function of Cl- concentration and temperature, tests were carried out
to determine the Erp of Alloys 625 and 22 under a wide range of environmental conditions.
Repassivation potentials for Alloys 625 and 22 were determined on specimens with artificially
formed crevices using CPP tests conducted at 60 and 95 'C (Dunn et al., 1999). Solutions contained
1.6 x 10-4 to 4.0 M NaCl. In order to examine the effect of Cl- concentration over a wider range than that
dictated by the solubility of NaCl, several tests were conducted in 9.0 and 11.0 M LiCl. The test solutions
also included 85 ppm HCO 3 -, 20 ppm S042-, 10 ppm NO3-, and 2 ppm F-, added as sodium salts. Additional
CPP tests were conducted on Alloy 22 specimens equipped with polytetrafluoethylene (PTFE) crevice
washers at temperatures in the range of 95 to 175 'C in a type 316L SS autoclave with a PTFE liner. Tests
were conducted in deaerated solutions containing 0.5, 1.0, and 4.0 M NaCl along with minor additions of
NaHCO 3 , Na2 SO 4 , NaNO3 , and NaF, as previously described.
The Ercrev values for Alloy 625 are shown in figure 2-9. At 60 'C, Ercev is greater than 500 mVSCE in

4M NaCI solutions. Crevice corrosion was observed on 5 to 8 of 24 possible locations; however, the depth
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Figure 2-9. Crevice corrosion repassivation potentials for Alloy 625 as a function of temperature
and Cl- concentration
of attack was shallow, ranging between 10 and 30 gum. At higher Cl- concentrations, the Ercev decreased by
more than 700 mV to values of-255 mVSCE in 9 M LiCI and -275 mVSCE in 11 M LiCl. At 95 'C, the value
of Ercrev is much lower at Cl- concentrations greater than 0.028 M and highly variable for CY
concentrations less than 4 M. Examination of the specimens revealed that the severity of crevice corrosion
increased with Cl- concentration. The four specimens tested in 4 M NaCI all had severe crevice corrosion
attack with penetration depths exceeding 100 gum. There was no effect of pH, which was either 2.5 or 8.0.
In the LiCI solutions (pH 5.6), however, crevice corrosion was initiated and spread over a large fraction of
the specimen surface. As a result, the localized attack was shallow.
Values of Ercrev for Alloys 825, 625, and 22 in a range of Cl- solutions at 95 'C are shown in
figure 2-10. At Cl- concentrations less than 0.1 M, the Ercrev for all materials is greater than 250 mVSCE.. In
addition, the Ercrev values for all materials tend to be highly variable. One ofthe key differences between the
materials is that all ofthe Alloy 625 specimens suffered some localized corrosion as a result ofthe polarization
scan whereas the localized corrosion only occurred at Cl1 concentrations less than 4 M with Alloy 22
specimens. At Cl- concentrations in the range of 0.1 to 5 M, the performance of Alloy 22 was better than
Alloy 625 as indicated by the higher Ercrev values and the lack of localized corrosion ofthe Alloy 22 specimens
in solutions containing less than 4 M Cl-. In LiCl solutions, the Ercrev of Alloy C-22 decreased by more than
500 mV and was virtually the same as that of Alloy 625.
Measurements ofErcrev for Alloy 22 at temperatures from 95 to 1750C, conducted in autoclaves, are
shown in figure 2-11. In 0.5 M NaCI, the Ercrev is 250 mVSCE at 95°C and decreases to - 100 mVSCE as the

temperature is increased to 125 'C. Further increases in temperature result in less pronounced reductions in
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the E.crev, The Ercv for Alloy 22 at 95 0C shown in figure 2-11 (measured in the autoclave system) is

substantially lower than the Ercrev value shown in figure 2-10 (measured in a glass cell). At temperatures
above 95 'C, the Ercrev values decreased only slightly with increasing Cl- concentration.
From the experimental results, it is evident that the corrosion behavior of these alloys is dependent
on Cl- concentrations and temperature. At 60 'C, Alloy 625 is susceptible to localized corrosion in NaCl
solutions only at potentials above 500 mVSCE. The crevice corrosion susceptibility of Alloy 625 increases
significantly when the temperature increases to 95 'C. Tsujikawa and Okayama (1990) reported that the
critical temperature for crevice corrosion of Alloy 625 in 3.4 M NaCl was near 60 'C using an applied
potential of -200 mVSCE. At lower Cl- concentrations, the CCT increased and was greater than 80 'C in
I M NaCI. The increased crevice corrosion susceptibility of Alloy 625 with increasing temperature is
consistent with the concept of a critical temperature for localized corrosion.
Severe crevice corrosion and deep penetrations were observed on both materials when the critical
conditions for crevice corrosion in terms oftemperature, Cl- concentration, and potential were exceeded. In
addition, Erc,,v values measured at Cl- concentrations greater than 9 M (LiCl solutions) shown in figure 2- 10
were virtually the same for both materials. Once localized corrosion has been initiated, the localized attack
will propagate into the container material. Repassivation of localized attack will occur ifthe E,:.r is reduced
below the EP. On the other hand, if the E~O, of the container material never decreases below EP, then the
localized attack will eventually penetrate the container wall. The rates ofthe localized penetration for type
316L SS and Alloy 625 under open circuit conditions are shown in figure 2-12. Data for type 316L SS were
generated by measuring the localized corrosion penetration depth after exposure to air-saturated 1 M Clsolutions at 95 'C (Dunn et al., 1996b). Pit penetration rates for Alloy 625 exposed to Salton Sea wellhead
brine for periods of 15-45 days (Cramer et al., 1984) are also shown in figure 2-12. It may be observed that
the penetration rate decreases substantially with increasing exposure time. It appears from the limited data
shown in figure 2-12 that the penetration rate is diffusion controlled. The localized corrosion penetration rate
used in TPA 3.2 (Mohanty and McCartin, 1998) is also shown in figure 2-12. The localized corrosion
penetration rate used for the TPA 3.2 calculations is supported by the localized corrosion penetration rates
reported by Dunn et al. (1996b) and Cramer et al. (1984).
The effect of anions other than Cl-, as well as Mg2+ cations, on the localized corrosion of candidate
container materials has been reviewed by Sridhar et al. (1993a). Slight inhibition of localized corrosion was
observed by NO 3 -, 542-, and HCO3 - for some alloys such as type 316L SS. The inhibitive effects of these
anions were reduced for Alloy 825 with the exception of NO3- that acts as an inhibitor at concentrations
greater than those of Cl-. In addition, the inhibition of short-term pit initiation was observed but none of the
anions were observed to increase the repassivation potential for localized corrosion. As a result, the presence
of these anions in the groundwater at the proposed repository site is not anticipated to either increase or
decrease container lifetimes.
2.2.3

Stress Corrosion Cracking

Ni-base alloys are quite resistant to SCC and are used in many applications in the chemical process
industries as well as oil and gas production. The choice of Ni-base alloys in these applications is a result of
the exceptional corrosion resistance of these materials in a wide variety of aggressive environments. The
resistance of these alloys to SCC has been reviewed (Staehle et al., 1970; Jones and Bruemmer, 1990;
Sridhar and Cragnolino, 1992) and has been demonstrated to be strongly dependent on the chemical
composition ofthe alloy. Ni is the most important alloying element of Fe-Cr-Ni alloys conferring resistance
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to SCC in Cl- environments. Additions of Cr and Mo also can have a significant role in the SCC resistance
of Ni-base alloys. In addition, trace elements such as C, S, P, and Si have also been shown to influence the
SCC resistance of these materials. The thermal history of the alloys is also an important and often overlooked
factor in SCC resistance. Aside from the alloy composition and thermal history, the composition of the
environment is another major factor determining SCC resistance. The presence of elemental S, H2 S,
or reduced S compounds, is known to promote SCC. Temperature is an extremely important environmental
factor. Most of the Ni-base alloys are susceptible to SCC above a critical temperature specific for each alloy.
Many SCC mechanisms have been proposed for engineering alloys. A review of these mechanistic
mechanisms, performed by Sridhar et al. (1993b), concluded that no one mechanism could satisfactorily
explain the occurrence of SCC for the range of alloys and environment combinations where SCC is well
documented. In addition, many SCC models have parameters that cannot be readily obtained. As a result, the
use of current models to predict the SCC susceptibility of the candidate container materials is not possible.
However, the need to predict the SCC susceptibility of the candidate container materials in the range of
environmental conditions expected in the proposed HLW repository persisted. Hence, emphasis was placed
on the evaluation of the concept of a critical potential such as the ET for localized corrosion to predict the
electrochemical conditions for the initiation of SCC. The results of short-term tests with tensile specimens
support the critical potential concept; however, long-term crack propagation measurements are necessary to
demonstrate the validity of this approach that uses E p as a threshold parameter to assess SCC susceptibility.
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Very few investigations have attempted to measure several critical issues associated with long-term
containment of HLW. A methodology for predicting the initiation and propagation rate of SCC as a function
of environmental conditions would serve as a basis for evaluating the long-term performance of candidate
container materials. The MgCI2 solution tests performed by many previous investigators are useful only for
determining the short-term susceptibility of the materials in Cl- solutions. Use of a precracked fracture
mechanics type test specimen can significantly reduce the initiation of SCC in certain circumstances and thus
make the test more severe. Unfortunately, long-term crack propagation rate measurements are not commonly
determined as a function of the severity of the test environment.
2.2.3.1 Effect of Alloy Composition
Susceptibility of engineering alloys to SCC is strongly dependent on alloy composition. Resistance of
Ni-containing alloys to SCC in Cl- solutions has been linked to the Ni content of the alloys. Copson (1959)
tested alloys with a range ofNi concentrations using wire specimens in boiling MgCI 2 and showed that the
minimum resistance to SCC occurred when the Ni content ofthe alloy was approximately 12 percent. With
either lower or higher Ni contents, SCC failure times increased significantly and, with very high Ni contents,
SCC was not initiated. Subsequent work by Staehle et al. (1970) with commercial Fe-Cr-Ni alloy wires using
a constant strain technique revealed that alloys with 50 percent Ni were not found to be susceptible to SCC
even in 45 percent MgCI 2 at 154 'C. A large reduction in the SCC susceptibility was observed with alloys
containing 30 percent Ni. Without Ni, no SCC was observed; however, this was attributed to a high general
dissolution rate. It was suggested that for high-Ni alloys, the transient anodic current was too low as a result
ofthe fast repassivation kinetics that allowed very low dissolution during slip, preventing SCC. A subsequent
review by Theus and Staehle (1977) again determined that Ni-base alloys were resistant to SCC in Clsolutions. Increasing the Ni concentration was proposed to increase the stacking fault energy and increase
the SCC resistance. It was noted, however, that high-Ni alloys are susceptible to SCC in pure water and
caustic solutions above 150 'C.
Speidel (1981) examined commercial alloys with 16 to 30 percent Cr, I to 73 percent Ni, and 0 to
4.5 percent Mo in order to determine the response of these alloys using fracture mechanics type specimens
in boiling 22 percent NaCl (105 'C). The advantage of using fracture mechanics type specimens rather than
wires or smooth tensile specimens is that specimens such as double cantilever beam (DCB) or compact
tension (CT) specimens provide a pre-existing flaw to facilitate the initiation of SCC (Brown, 1968). Such
methods may overcome the limitations of SCC initiation that occur with smooth test specimens such as
traditional dogbone tensile specimens used in slow strain rate tests or U-bend specimens. The main advantage
is that for plane strain conditions, the stress intensity at the crack tip is well defined and can be calculated
accurately (Brown, 1968). This permits obtaining crack velocity versus K, curves. The fracture mechanics
specimens can be used to obtain the threshold stress intensity for the initiation of SCC, Klscc, that can be
related to the critical flaw depth acr = 0.2(K1 s~c/a) 2 . In 22 percent NaCI solution, alloys with 20 percent Ni
have the lowest threshold stress intensity for SCC, whereas, alloys with 30 percent Ni did not crack after
3 mo of exposure. For alloys containing 13 to 25 percent Ni, additions of Mo were found to increase the
minimum threshold stress intensity for cracking. For 304 SS, no SCC was observed in a 3-mo exposure at
33 MNIm 312 . A crack growth rate of 5 x 10- ' m/s was observed at a stress intensity of 40 MNm- 312 which
increased to 2 x 10-9 m/s with a stress intensity of 60 MN-m-312 .
The major alloying elements, Cr and Mo, have a similar effect on the SCC resistance as Ni. Odegard
and Bronson (1997) measured repassivation transients in 0.01 M KCI and 0.01 M H2 SO4 . Increasing Ni and
Cr resulted in less charge passed during repassivation, which indirectly supports slip dissolution model but does
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not directly show a relationship between repassivation transients and SCC. Staehle et al. (1970) found that
increasing the concentration ofCr was beneficial for alloys containing less than 10 to 15 percent Cr. With Cr
concentrations greater than 10 to 15 percent, the repassivation kinetics were optimized for SCC resistance.
The effect of Mo concentration on the SCC resistance in Cl- solutions is similar to that ofNi or Cr.
Staehle et al. (1970) reported that additions of less than 4 percent Mo were detrimental to SCC resistance.
Although the addition ofMo increased repassivation kinetics, significant transient anodic repassivation current
during slip increased the SCC susceptibility of alloys with less than 4 percent Mo. Similarly, Silcock (1982)
observed an increased SCC susceptibility of SS alloys similar to type 316L SS in boiling 42 percent MgCl 2
solutions at 154 'C when the Mo concentration was increased from 0 to 2.4 percent. Theus and Staehle
(1 977) reviewed SCC ofaustenitic Fe-Cr-Ni alloys and reported that the addition of Mo at concentrations of
less than 4 percent were detrimental to the SCC resistance of SSs. On the other hand, Mo concentrations
greater than 5 percent was beneficial.
2.2.3.2 Effect of Impurity Elements
Besides the intentional alloying additions, impurity elements in Ni-base alloys are also important to
SCC resistance in Cl- environments. Staehle et al. (1970) reported that additions of N and P also promote
SCC, N by increasing the repassivation kinetics and P by accelerating H permeation. The beneficial effect
ofadding Be Si and Al was attributed to greatly accelerated repassivation kinetics that prevented significant
dissolution during slip. Jones et al. (1985) showed that Scontamination ofthe grain boundary regions prevents
passivation and inhibits SCC but promotes IG corrosion. P is anodically removed from the grain boundary
regions allowing the crack walls to passivate. Ni-base alloys resistant to SCC in Cl- solutions are susceptible
to intergranular embrittlement as a result of grain boundary segregation of impurities (Jones and Bruemmer,
1990). Both C and S have very low solubilities in Ni and tend to preferentially segregate to the grain boundary
regions. As a result, precipitation of chromium carbides readily occurs in the grain boundary regions of
Ni-base alloys. Segregation of Sto the grain boundary regions promotes IG corrosion and HE but not SCC.
For Ni, P induces IG corrosion and intergranular SCC; however, Ni-base alloys are resistant to Cl- SCC
even with significant P contamination.
2.2.3.3 Effect of Temperature
WhileNi-base alloys are generally resistantto SCC in C[-containing solutions attemperatures less
than 100 °C, SCC has been observed well above 100 °C in high-temperature pure water above 288 °C, as
well as in more aggressive aqueous environments containing H2S or elemental S. The distinction between
intergranular and transgranular cracking is important and is strongly related to the environment. This issue
is discussed in Cragnolino and Macdonald (1982) for sensitized and nonsensitized SSs. Intergranular SCC of
nonsensitized Ni-base alloys such as Alloy 600 has been observed in high-temperature water and in caustic
solutions. Intergranular SCC may also occur with sensitized Ni-base alloys in the presence of S2032.
Kolts (1982) examined a variety ofalloys containing 20 to 100 percent Ni in Cl--containing solutions
at temperatures above 100 'C. All ofthe Ni-base alloys were found to be susceptible to SCC in Cl- solutions
if the temperature is sufficiently high. In general, alloys with higher Ni concentrations had higher critical
cracking temperatures in 20.4 percent MgCl 2, deaerated with nitrogen. The critical cracking temperature
for alloys with 25 percent Ni was 175 'C and more than 225 'C for Alloys C-276 and C-4. Commercial
purity (CP) Ni had a critical cracking temperature greater than 280 'C.
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2.2.3.4 Effect of Welding and Thermal Exposure
The effect of welding and thermal exposure on the SCC resistance of Ni-base alloys has received
0
some attention. Streicher (1976) observed IG SCC in Alloy C-276 after sensitizing 1hr at 871 and 1,038 C.
These thermal exposures resulted in the formation of ji-phase and MC carbides. Cracking was not observed
with low-C alloys (0.004 percent C) where no M6 C was formed. Speidel (1981) reported lower Kiscc for
sensitized specimens. Concerns associated with failures in steam generator tubing and reactor components
have also prompted the examination of the effects of welding and fabrication processes on the SCC
resistance of several Ni-base alloys. Herbsleb (1980) observed cracking in sensitized Alloys 600 and 800 (1hr
at 650 'C) above a pitting potential of 0.8 VSHE in 0.001 and 0.0001 M NaCl. Obtaining such high potentials
in an aqueous system would require the presence of a strong oxidant. Bandy and Van Rooyen (1984) reported
that thermally stabilizing Alloy 600 specimens at 982 'C for 4 min with a rapid air cool followed by 16 hr at
705 'C increased the SCC resistance. Akashi (1995) examined the SCC of welded and stress relieved
materials including Alloys 600,690, and 182. For Alloy 600, welding and stress relieving at 615°C for 10 hr
increased the stress corrosion in high-temperature water at 250 'C. Anodic dissolution of precipitates and
TCP phases may also increase the SCC susceptibility of Ni-base alloys to SCC.
2.2.3.5 Effect of Potential
Work performed by Silcock (1982) using type 316L SS specimens in boiling 42-percent MgCl 2
solutions at 154 'C shows the very strong effect of potential on the SCC propagation rate. By controllingthe
potential of the specimens with a potentiostat, it was shown that the minimum stress and crack growth rate
was dependent on the applied potentials of the specimens. At -0.260 VSCE, cracking was initiated at
stresses of 60 N mm- 2 , whereas a stress of 200 N mm-2 was required to initiate cracking at -0.340 VSCE.
The reduction in the SCC propagation rate and increase in the minimum stress required to initiate cracking
as the potential is decreased suggests that at some potential less than - 0.340 VSCE, the alloy may not
be susceptible to SCC in this extremely aggressive environment.
Russell and Tromans (1979) tested type 316L SS T-double notch-double cantilever beam (TN-DCB)
specimens in MgCl 2 solutions at temperatures ranging from 116 to 1540 C and initial stress intensities, K1,
ranging from 12 to 100 MPa ml. Specimens were cold-worked at 25 and 50 percent. At 116'C, the SCC
propagation rates were 6 x 10-8 m/s for specimens with K1 greater than 20 MPa m"2 at potentials more noble
than -0.280 VSCE. The propagation rate increased up to 8 x 10-7 m/s when the temperature was increased
to 154 'C. When the potential was reduced below -0.350 VSCE, no SCC was observed on specimens with
30 MPa m"'2 < K1 < 35 MPa m"2 tested in 44.7 percent MgCl 2 at 154 'C.
The repassivation potential fortype 316L SS in 42 percentMgCl 2 at 154°C is less than-0.340 VSCE,
based on measurements conducted at the CNWRA. The results of Silcock (1982) and Russell and
Tromans (1979) suggestthat SCC is not initiated at potentials below the repassivation potential. It is important
to note, however, that long-term crack propagation rate measurements as a function of potential in a
sufficiently aggressive environment where SCC can be initiated have not been performed. In addition, few
investigations have been conducted to determine the SCC susceptibility and crack propagation rates for
Ni-base alloys as a function of potential. The lack of data in this area can be attributed to the resistance of
Ni-base alloys to Cl- SCC at temperatures less than 200°C. Lee and Uhlig (1970) investigated the effect of
potential on failure time by SCC using Ni and Ni-20 Cr alloys in MgCl 2 at 130°C. Increasing the potential
from - 0.1 to -0.05 VSHE (- 0.340 to - 0.290 VSCE) decreased the failure time from 100 to 1 hr. While no arrest
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of SCC was reported by Lee and Uhlig (1970), the effect of potential on the crack propagation rate for Ni-20
Cr alloys is in agreement with the concept of a critical potential for SCC.
2.2.3.6 In-Service Experience
The SCC susceptibility of several Ni-base materials including Alloys 825, 625, C-276, and 22 were
investigated during the evaluation of geothermal resources for energy production (Carter and Cramer, 1974,
1980; Carter and McCawley, 1978; Cramer and Carter, 1980; Cramer et al., 1984). SCC of Alloy 825 were
reported in wellhead brine containing 115,000 ppm ClY at 215 'C. SCC of Alloys 625 and C-276 were also
observed in U-bend type specimens. SCC of several Ni-base alloys including 22, C-276, and G3 in simulated
Salton sea brines was reported by Kolts (1986). No SCC was observed with C-shaped specimens after 720 hr
in a solution containing 5 percent MgCl 2, 10 percent NaCl, 10 percent CaCl 2, with 90 psi CO2 at 200 'C after
720 hr. Cracking was observed with Alloy 825 and type 316L SS. The addition of 2 percent HCI was
sufficient to cause cracking of all alloys tested in 720 hr. Cracking was also observed on specimens tested
in 1 percent HCI at 200 'C for 1,000 hr. Without the addition of HCI, no SCC was observed for Alloys G3,
C-276, and 22. Goldberg and Kershaw (1979) reported SCC of cold-worked and aged Alloy C-276 in Salton
Sea brine with 104,000 to 112,000 ppm Cl- at 104 'C. No SCC was observed with non-cold-worked
Alloy C-276.
2.2.3.7 Investigations Conducted at Lawrence Livermore National Laboratory
Work performed at LLNL (Roy and Flemming, 1998; McCright, 1998) has assessed the SCC
susceptibility of candidate container materials including Alloys 22, 825, G-30, C-4, 625 and Ti grade 12 in
deaerated 5 percent NaCI solutions acidified with HCI (pH = 2.7) at 90 'C. The conditions of exposure were
selected based on the expected pH of groundwater acidified by the hydrolysis of steel corrosion products. The
initial stress intensity of Alloy 22 was 32-38 ksi in" and the threshold stress intensity for crack propagation,
Klscc, measured from compliance curves obtained after exposure ranged between 28-32 ksi in"2 . Similar
initial stress intensities were used for specimens ofthe other alloys tested. Specimens were opened by loading
to failure and the fracture surfaces were examined. The crack growth rate for Alloy 22 was 1.8 x 10-7 mm/s.
The crack propagation rate as a function of exposure time for Alloys 825, 625, C-4, and 22 are shown in
figure 2-13. It may be seen that the crack propagation rates for all of these alloys are quite similar after
approximately 1,400 hr of testing. Initial examinations of Alloy 22 after 698 hr of testing indicated no SCC
propagation. Similarly, no SCC was observed for Alloy 625 in the initial 1,467 hr of testing. The obvious
conclusion from the data shown in figure 2-13 is that all of the alloys are susceptible to SCC and there
appears to be no advantage in using Alloy 22 with respect to a less CRM such as Alloy 825. Further, the
results shown in figure 2-13 indicate these corrosion resistant Ni-rich and Ni-base alloys are much more
susceptible to SCC than previously reported. Work by Speidel (1981), who tested similar alloys in boiling
22 percentNaCl using fracture mechanics type specimens, is perhaps the best comparison to the more recent
work performed at LLNL. While similar approaches were utilized in these studies, there are several important
differences that must be recognized. First, the work at LLNL used 5 percent NaCI acidified to pH 2.7 at
90 'C and all solutions were deaerated with N2. Speidel (1981) used a more concentrated and presumably
more aggressive solution consisting of boiling 22 percent NaCI (105 °C) but at a higher pH. The specimens
used by Roy and Fleming (1998) were DCB specimens where the initial stress intensity was limited to values
less than 50 MPam '2whereas stress intensities up to 60 MPa m' were used by Speidel. The crack propagation
rates reported by Speidel (1981) and Roy and Fleming (1998) are summarized in figure 2-14. Note that for
alloys containing more than 30 percent Ni, Speidel (1981) found no SCC using fatigue precracked
fracture mechanics type specimens (crack propagation rate less than 3 x 10' mm/s) after 3 mo
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(2,016 hr) of testing. On the other hand, Roy and Fleming (1998) and McCright (1998) report SCC
propagation rates in the range of 7 x 10-8 to 3 x 10-' mm/s that are practically independent of alloy
composition. It is difficult to attribute the discrepancies in these reports to differences in test techniques since
much greater SCC resistance was observed by Speidel (1981) using more aggressive conditions in terms of
initial stress intensity, Cl- concentration, and temperature, all of which have been demonstrated to promote
SCC.

Figure 2-15 shows the relationship between 1RsC and Ni concentration originally reported by Speidel,
(1981) in boiling 22 percent NaCl along with the data reported by Roy and Fleming (1998) and McCright
(1998) in 5 percent NaCl at 90 'C and pH 2.7. Speidel (198 1)did not observe SCC in alloys containing more
than 35 percent Ni tested with initial stress intensities up to 60 MPaml½. On the other hand, Roy and Fleming
(1998) and McCright (1998) reported SCC of alloys with up to 68 percent Ni tested using initial stress
intensities in the range of 30 to 42 MPa ml'. The higher stress intensities used by Speidel (1981) would be
expected to increase the susceptibility of the alloys to SCC. Test times for both investigations were similar
and the discrepancy in the results plotted in figure 2-15 cannot be explained by differences in test condition
or the type of fracture mechanics test specimens used in each study.
2.2.3.8 Center for Nuclear Waste Regulatory Analyses Investigations
To address obvious discrepancies in the reported SCC susceptibility, tests were performed at the
CNWRA that were identical to those conducted at LLNL. The test materials included Alloy 22 and type
316L SS. Although type 316L SS was not tested by LLNL, it was included in the tests performed at the
CNWRA since there is a large volume of work performed on this alloy including the work of Speidel (1981)
and previous work conducted at the CNWRA using slow strain rate tests and U-bend specimens
(Cragnolino et al., 1994). In addition to the SCC tests, control tests were performed on the materials, where
a fatigue precrack was grown to various lengths and compliance curves at specific crack lengths were
measured.
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Tests were conducted in order to verify the reported SCC of Alloy 22 in a N2 deaerated, 5 percent
NaCI solution (pH = 2.7) at 90 'C (Roy and Flemming, 1998; McCright, 1998). The tests were conducted
using DCB specimens ofthe same dimensions reported by Roy and Flemming (1998). An Alloy 22 specimen
was tested using an initial stress intensity of 33 MPa-m-1 whereas a type 316L SS specimen was tested using
an initial stress intensity of 25 MPa m-'. The specimens were periodically removed from the test cell and
examined. No SCC has been observed on either material following 217 days of exposure. Additional SCC
tests are also being conducted to determine the relationship between crack propagation rate and potential.
These results as well as the observations derived from control tests, will be published in a subsequent report.
2.2.4

Hydrogen Embrittlement

In the VA design, HE of Alloy 22 was a concern because of the galvanic contact between the outer
carbon steel overpack and the inner Alloy 22 overpack. In the EDA II design, this is less of a concern.
However, this failure mode is considered because ofthe possible galvanic coupling effects between the steel
supports and the WP. HE of SSs and Ni-base alloys has previously been reviewed (Sridhar et al., 1991;
Sridhar and Cragnolino, 1992; Kolts and Sridhar, 1985b; Jones and Bruemmer, 1990). The three most
important environmental factors affecting HE (Sridhar and Cragnolino, 1992) are the hydrogen fugacity which
is determined by the cathodic current density for Ni in an aqueous system, the presence of recombination
poisons, and temperature. Significant metallurgical factors are alloy composition, deformation mode,
segregation of metalloid elements to the grain boundaries, grain size, and tensile strength. Pure Ni is quite
susceptible to HE. The addition of Fe to Ni decreases the HE susceptibility up to approximately 50 percent
Fe. Further additions of Fe result in a change in crystal structure from fcc to bcc and the HE susceptibility
increases (Smith, 1974). Increasing the cathodic current density increases the rate ofthe hydrogen reduction
reaction and entry of hydrogen into the metal. Recombination poisons such as HS- also increase the entry of
hydrogen into the metal by preventing the recombination of hydrogen atoms to form hydrogen gas. Increasing
temperature, however, decreases the HE susceptibility. The temperature where susceptibility is greatest
depends on the alloy composition and the environment; however, most materials are more susceptible at
temperatures near or below ambient (Sridhar and Cragnolino, 1992). As an example, Townsend (1972) found
that the maximum susceptibility for HE of steel determined by measuring the minimum time to failure in a
NACE solution is at approximately 25 'C.
Examination of the HE susceptibility of Ni-base alloys has in great part been a result of the use of
these materials in the oil and gas industry. Hydrogen-induced cracking ofNi-base alloys is strongly dependent
on the alloy composition and the thermal-mechanical history. Although a limited amount of work has been
reported on Alloy 22 (Desai and Scammon, 1995), most investigations have focused on Alloys C-276 and 625.
Kolts et al. (1990) performed 1-mo exposures ofC-276 specimens in environments designed to promote HE.
The environments included (i) 5 percent NaCl + 0.5 percent acetic acid saturated with H2 S at 1 atm using
a proving ring SCC test arrangement with an applied stress of 758 MPa where the specimens were tested
with and without galvanic coupling to carbon steel, (ii) 5 percent H2 SO4 with 100 ppm arsenite added as a
hydrogen recombination poison using cathodic current densities of 0.1 and 10 A/cnf, and (iii) a 50/50 volume
dilution of HCI with H2 S. No cracking of Alloy C-276 was observed in these environments after 1 mo
exposure.
Asphahani (1977) thoroughly investigated many parameters that have a significant impact on the
hydrogen damage of Alloy C-276 such as cold work, thermal aging, P concentration, stress, and cathodic
current density. Three C-276 alloys having 0.003 percent P (low P), 0.16 percent P (commercial heat), and
0.086 percent (high P) were used. Failure times for all ofthe alloys were quite similar in both the 60 percent
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cold worked (10 to 13 hr to failure) and 60 percent cold worked plus aged for 100 hr at 500 C (2.1 to 4.1 hr
to failure) using a cathodic current density of 40 mA/cm 2 in 5 vol percent H 2SO4 and As2 03 . The decreased
time to failure for the aged material was attributed to LRO that significantly increased the rate of hydrogen
uptake for this alloy. Lower cathodic charging current densities resulted in no failures after 200 hr of testing.
Specimens which were cold worked 30 percent prior to aging failed after 6.6 to 7.3 hr of testing. Tests were
also conducted with 60 percent cold worked and aged (100 hr at 500 'C) cathodically charged in 5 vol
percent H2SO4 at 25 'C. No failures occurred at 0.4, 4, and 40 mA/cm 2 when tested with stress levels up to
92 percent of the YS. With stresses of 107 percent of yield, the failure time decreased from 226 hr with
cathodic charging current density of 0.4 mA/cm 2 to 505 hr at 40 mA/cm 2 .
Kane et al. (1977) also observed hydrogen cracking of Alloy C-276 in room-temperature exposure
after cold rolling and aging the material for 100 hr at 500 'C. No cracking of Alloy C-276 was observed
when the material was in the cold rolled, unaged condition. Alloy 625 was much more susceptible to
hydrogen cracking. Unaged cold rolled Alloy 625 specimens failed in room-temperature exposures after 11
days while cold rolled and aged specimens cracked in 3 days. When the test temperature was increased to
149 'C, no failure of cold rolled and aged Alloy 625 or C-276 specimens were observed in 30 days of testing.
Sridhar et al. (1980a) examined the effect of aging on the HE of Alloy C-276 using double torsion
test specimens. Specimens were tested after 50 percent cold rolling as well as 50 percent cold rolling and
aging at 500 'C for 100 hr. Cathodic charging was performed in a solution containing 1.8 NH 2 SO 4 with 2 g/L
thiourea added as a recombination poison. Increasing the cathodic charging decreased the stress intensity
necessary for cracking and increased the crack extension rate at a constant stress intensity. Crack growth was
observed to propagate in steps of approximately 70 [tm. Sridhar et al. (1980a) indicated that the 70 gnm crack
growth step was in agreement with the calculations performed by Rice (1977) who proposed that the
extension of the crack should be equivalent to the distance from the crack tip to the region of maximum
tensile stress in the crack tip plastic zone.
Sridhar et al. (1 980b) concluded that it was not possible to determine the specific roles of short-range
ordering (SRO) and segregation of impurities to the grain boundary regions for the enhanced
hydrogen-induced crack growth of Alloy C-276 after aging, since the kinetics for these processes were
similar. The incubation time between crack growth steps decreased with increased aging time. LRO was
observed to promote deformation twinning that increased the local stress at the grain boundary pileups ans
decreased the critical concentration of hydrogen necessary for cracking. Aging the specimens at 500 'C
decreased the stress intensity for cracking and increased the crack growth rate at a given stress intensity. For
Alloy C-276 with an initial stress intensity of 120 MNm 31 2 , the crack growth rate was 4 x 10-8 m/s. In the
unaged condition and 10-' m/s after aging for 1 hr at 500 'C.
Other investigators have also examined the effects of impurity segregation on the HE susceptibility
of Ni-base alloys. Kane and Berkowitz (1980) used Auger analysis to examine aNi-35Co-2OCr-9Mo alloy
(MP35N) after aging at temperatures up to 800°C. Elevated levels of P and S at the grain boundaries
increased after aging and a maximum at 600 °C, whereas aging at 788 or 816 'C decreased the S and P
concentrations at the grain boundaries. Similarly, Berkowitz and Kane (1980) tested Alloy C-276 using Cring specimens in a solution containing 5 percent NaCI with 0.5 percent acetic acid saturated with H2 S.
Increasing the cold-work aging temperature in the range of 149 to 482 'C or the aging time decreased the
time to failure. Grain boundary segregation measurement was performed on specimens electrolytically
charged in 5 percent H 2SO 4 with 0.1 g/L arsenite. The specimens were charged at a current density of
0.1 A/cm2 for 48 hr. CP Alloy C-276, with a bulk P concentration of 0.05 atomic percent, was found to have
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a grain boundary P concentration of 0.7 atomic percent in the unaged condition. After aging for 100 hr at
371 0C, the P concentration at the grain boundary was 1.3 atomic percent and increased to 2.8 atomic percent
when the alloy was aged at 482 TC for 100 hr. It should be noted that the resolution of the Auger surface
analysis was approximately 0.4 atomic percent. With high-purity Alloy C-276 (0.004 atomic percent P), the
P concentration at the grain boundary was 0.3 atomic percent in the unaged condition and 0.7 atomic percent
after aging for 100 hr at 482 'C.
Investigations by the CNWRA, conducted at Ohio State University (Sridhar et al., 1991) showed that
Alloy 22 did not exhibit HE when charged cathodically at 20 mA/cm2 in synthetic J-13 well waer at 85°C.
However, HE was observed at 50 and 25 'C under the same environmental conditions. No cracking was
observed on Alloy 825 at any of these three temperatures.
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3 TITANIUM-BASED ALLOYS
The purpose of this chapter is to provide an overview of the properties and characteristics of Ti alloys for
potential use as container or drip shield materials for HLW disposal in the proposed geologic repository at
YM. A review of the mechanical and metallurgical properties of Ti and Ti alloys is provided along with a
review of the potential failure modes of Ti alloys as a result of corrosion processes. In particular, general
passive dissolution, localized corrosion, microbially influenced corrosion (MIC), SCC and HE of Ti alloys
are considered. Because of the extensive body of literature available in some of these topic areas, this chapter
is not intended to serve as a comprehensive review but rather a summary and overview of the pertinent points
and issues involving with the usage of Ti alloys as proposed WP materials.

3.1

MATERIALS CHARACTERISTICS

3.1.1 Properties and Microstructures
Ti is a nonmagnetic, high melting point (1,820 'C) material that has approximately 60 percent of the
density of steel (typical density of-4.5 g/cm 3 ) and can be strengthened through alloying and mechanical
deformation. Even though Ti and Ti alloys have high melting temperatures, they are generally limited to
service temperatures in structural applications to less than 540 'C. Ti also exhibits good heat transfer
characteristics and has thermal expansion properties similar to those of steels (Donachie, 1985).
Ti has two crystal structures depending on temperature and composition: hexagonal close-packed
(hcp), or a, and bcc or P. In pure Ti, the a phase is stable at room temperature whereas the P phase is stable at
elevated temperatures. Alloying can stabilize thef phase at lower temperatures. Examples of elements that
act to stabilize the a phase include Al, Sn, N, and 0. Elements that act as f3stabilizers include Mo, Fe, Cr,
V, Mn, and Zr. These crystal structures (hcp and bcc) form the basis for the four main classes of Ti-alloys:
a, near-a, a-P, and PB.In general, a alloys tend to have moderate YS, good toughness even at cryogenic
temperatures, and are weldable, whereas j alloys tend to have greater US compared to a alloys, but are prone
to ductile-brittle transitions with temperature and are generally not weldable. The properties ofa- P alloys
are controlled by the relative proportions of a and 3present. The effect of composition on crystal structure
and properties are summarized schematically in figure 3-1 (Donachie, 1988). For reference, the chemical
compositions of several alloys from each class are shown in table 3-1.
The mechanical properties of Ti alloys depend on the composition and phase structure of the alloy.
Typical ranges for the YS and ultimate tensile strength (UTS) of Ti alloys are shown in table 3-2. As can be
seen, the composition of the material plays a key role in determining the mechanical properties encountered.
For example, within a given alloy class, say a-,B, the YS can vary by over a factor of 2. Even with CP Ti, the
YS and UTS can vary by as much as a factor of 2.8 without any change in crystal structure (Donachie, 1985).
Ti alloys have also been shown to retain a high fraction of room temperature strength at elevated
temperatures. For example, CP Ti retains nearly 50 percent of its room temperature UTS at over 300 °C and
Ti-6AI-2Sn-4Zn-6Mo, an a-P alloy, has been shown to retain nearly 70 percent of its room temperature YS
at over 525 'C (Donachie, 1988). The fracture toughness of Ti alloys tends to decrease with increasing YS,
as would be expected. For high-strength Ti alloys (800-1,100 MPa YS), K1cvalues tend to range from 20 to
85 MPa-ml, as shown in figure 3-2 (Donachie, 1985) where the curves represent the typical range of values
for wrought Ti alloys.

3-1

Alpha-stabilizing
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oxygen
nitrogen
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Increasing quantities of alpha stabilizers promote alpha phase.
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Figure 3-1. Schematic relationship between composition, structure, and properties for Ti alloys
(Donachie, 1988)
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Table 3-1. Summary of chemical compositions of some of the four main classes of Ti
alloys (in weight percent)

I IMx

Designation

UNS

MaI

Max

Fe

Max

jAl SnIZrJ Mo

J

Others

Grade I

R50250

0.03

0.10

0.015

0.20-

0.18

-

-

-

-

-

Grade 2

R50550

0.05

0.10

0.015

0.30-

0.35

-

-

-

-

-

Grade 7

R52400

0.03

0.10

0.015

0.30-

0.25

-

-

-

-

0.03

0.10

0.015

0.30-

0.25

-

Grade 16

0.2 Pd

0.05 Pd

_

a and Near-a Alloys
Ti-0.3Mo-0.8Ni

R53400

0.03

0.08

0.015

0.30'

0.25

Ti-5AI-2.5Sn

R54521

0.05

0.08

0.02

0.50-

0.20

5.0

2.5

Ti-8AI-IMo-lV

R54810

0.05

0.08

0.015

0.30-

0.12

8.0

-

-

-

a-P Alloys

Ti-6AI-4V

R56400

0.05

0.10

0.015

0.40-

0.20

6.0

-

Ti-5AI-2Sn-2Zr-4Mo-4Cr

R58650

0.04

0.05

0.0125

0.30-

0.13

5.0

2.0

Ti-IOV-2Fe-3AI

R56410

0.05

0.05

0.015

2.5

0.16

3.0

-

_

Ti-8Mo-8V-2Fe-3AI

i-_1.5Mo-6Zr-4.5Sn

J

-

0.8 Ni

1.0

1.0 V

| -

2.0

| -

0.3

4.0

j

-

4.0 V
4.0 Cr

| 10.0 V

Alloys

R58820

0.05

0.05

0.015

2.5

0.17

3.0-

R58030

| 0.05

0.10

0.020

0.35 | 0.18

-1

8.0

4.5

6.0 | 11.5

8.0 V
-

Table 3-2. Typical ranges for mechanical properties of Ti alloys (Donachie, 1988)
Alloy

|

Y.S.A (MPa)

|

U.T.S. t (MPa)

| Percent Elongation]

CP: Ti

170-480

240-550

15-24

a, near-a

380-900

480-1,000

19

1

520-1,100

620-1,170

8-16

|

620-1,100

690-1,170

n/a

a-j3
11
13

Notes:
*0.2 percent yield strength
tUltimate tensile strength
Commercial purity
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Figure 3-2. Relationship between fracture toughness and yield strength for Ti-6A1-4V plate and
castings (Donachie, 1985)
As mentioned previously, the composition ofTi alloys can have a profound influence on properties,
even when the crystal structure remains unchanged with the compositional variation. In unalloyed Ti, slip can
occur on several nonbasal planes and the crystal structure enables deformation twinning on several planes.
The addition of interstitial elements, such as 0, C, and N, increase strength by reducing the number of
allowable twin and slip systems and by increasing the resolved stresses necessary for deformation on the
systems still operable. Because these elements have similar effects and influence properties via similar
mechanisms, their concentration is usually combined into a composite equivalent oxygen concentration
(0eq]v = 2/3C + 0 + 2N, in wt %). The effect of equivalent oxygen concentration on Ti properties is
illustrated in figure 3-3 which shows the influence of the equivalent oxygen concentration on hardness.
Oxygen and N have very high solubilities in Ti (10-25 wt % 0 is soluble in a Ti at near-ambient
temperatures), but C, however, has a relatively low solubility, and ifpresent in sufficient concentration, could
lead to precipitation of titanium carbide particles. The phase diagrams for Ti-O, Ti-N, and Ti-C are shown
in figure 3-4, illustrating the range of solubilities for each of these elements.
Additions of Al and Sn lead to solid solution strengthening of Ti alloys, however, precipitation of
a2 (Ti 3 Al) limits the concentration of Al additions to < 8 wt %. Though precipitation of a2 does
increase strength, it degrades ductility, fracture toughness, and SCC resistance and is, therefore, generally
avoided if possible. Cr, Fe, Cu, Ni, Pd, Co, and Mn form eutectoid systems due to their low solubility in
a Ti. As a result, precipitation of intermetallic compounds could occur on cooling. In commercial practice,
however, these elements are either added in concentrations below their solubility limit (thus preventing
precipitation) or are added in combination to stabilize the1 phase at room temperature, as the reaction kinetics
for the formation ofthe intermetallic compound are generally slow. Other typical alloying elements such as
Ta and V are 0-isomorphous, that is they are completely soluble in Ti and are substitutional for I Ti in the
parent 1 lattice.
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Figure 3-3. Effect of equivalent oxygen content on hardness of Ti (Brooks, 1982)
Grain microstructure and orientation (texture) can also have significant effects on mechanical
properties. Differences in microstructure generally arise as a result of cooling rate differences within the
plate, with rapid cooling promoting a finer microstructure which tends to have better properties. Thus, thicker
plates tend to have lower tensile properties than are found in thinner sections. For example, it has been shown
that the YS can decrease by as much as 120 MPa as a result of cooling rate changes (Donachie, 1988). The
directionality of grains within the material leads to directionality in mechanical properties. Essentially texture
can be viewed as describing a preferential alignment of the crystalline lattice among grains of a
polycrystalline aggregate (Simbi, 1996). Table 3-3 shows the effects ofdirection on the mechanical properties
of an a-FP alloy. As can be seen, a significant difference exists for each test direction, which reflects the
underlying grain orientation. In these tests, the transverse direction was found to have the highest strength,
which, for the specimens tested, had the highest number of basal poles (Donachie, 1988).

3.1.2

Thermal Stability

Similar to temper embrittlement of ferritic-pearlitic low-alloy steels (Cragnolino et al., 1996b),
a Ti alloys can also suffer from thermal embrittlement. Both temper embrittlement of steels and thermal
embrittlement of a Ti alloys occur as a result of a thermally activated redistribution of barely soluble
impurities from grain interiors to grain boundaries (Nesterova et al., 1980). Both phenomena are
characterized by (a) embrittlement of the material, (b) nominally constant strength with widely variable
ductility, and (c) increased intergranular boundary fracture. Unlike temper embrittlement of steels where only
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Table 3-3. Effect of test direction on mechanical properties of Ti-6A1-2Sn-4Zr-6Mo plate
illustrating the effects of texture*

Yield

Test Direction
Longitudinal
Transverse
Short-transverse

I

~~~~~~~~~~~~Stress

|ll|Intternesity|

Strength
(MPa)

Ultimate Tensile
Strength (MPa)

952

1,027

1,200
924

Percent
Elongation

Modulus
(GPa)

Factor
(MPam"1)

11.5

107

75

1,358

11.3

134

91

938

6.5

104

49

*Note: transverse direction had high intensity of basal poles

equilibrium segregation of impurities (i.e., P, As, Sn) occurs, impurity segregation in a Ti results in
the precipitation of finely dispersed particles at the grain boundaries (Nesterova et al., 1980;
Kryukov et al., 1981; Ushkov et al., 1984, 1995).
CP Ti exhibits a minimum in impact toughness after heat treatment in the temperature range of
350-600 'C for 500 hr (figure 3-5). Embrittlement susceptibility starts at approximately 350'C and continues
to reach a maximum (minimum in toughness) near 500 'C before subsequently decreasing again. At
temperatures a 700 °C, the embrittlement effect disappears and the impact toughness approaches its original
value. Similar results are shown for a Ti-2AI-1.5Zr alloy (Nesterova et al., 1980). For Al-bearinga Ti
alloys, embrittlement occurs partially as a result of decomposition ofthe Al in solid solution with Ti and the
precipitation of a2 (Ti 3 AI) throughout the interior of grains, which results in embrittlement of the grains
themselves (Nesterova et al., 1980; Ushkov et al., 1984, 1995). For CP Ti anda Ti alloys that contain
trace amounts of Fe and Ni as impurities,' embrittlement results from the precipitation of sub-gm sized fcc
Ti intermetallics in the form of Ti2 (Fe,Ni). The importance of the Fe concentration in the alloy is also
illustrated in figure 3-6, in which high purity Ti (<0.003 wt % Fe) did not experience thermal embrittlement
after being subjected to the same thermal treatment as CP Ti (Nesterova et al., 1980). The effect of longer
thermal holds (>500 hr) on embrittlement has received little attention, but has revealed significant segregation
of Fe and Ni at grain boundaries at temperatures as low as 350°C (Ushkov et al., 1984). Thus, the reported
minimum Fe concentration for the observance ofembrittlement of 0.01 wt % may be not be valid for longer
thermal treatments.
For near-a alloys, such as Ti grade 12 (Ti-0.3Mo-0.8Ni), and alloys that contain a sufficient
concentration of ,Bstabilizing elements, thermal embrittlement is not generally observed. In these alloys,
any Fe present as an impurity is adsorbed by the f phase that is present. As such, the effective
concentration of Fe in the a phase of the alloy is reduced to a very low level (Nesterova et al., 1980).

'As impurities, typical concentrations for Fe and Ni in a Ti alloys are •0.05 and •0.005 wt %, respectively
(Nesterova et al., 1980; Ushkov et al., 1984).
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Figure 3-5. Effects of heat treatment on (a) impact toughness-aN-and microhardness-HV,
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temperature for commercial grade Ti (x), Ti-2A1-1.5Zr (-) and high purity Ti (o) (Nesterova et al.,
1980)

3.1.3

Weldments
Titanium is a reactive metal and thus requires special considerations prior to and during welding

processes. Several welding techniques can be utilized with Ti alloys including GTAW, gas metal arc welding
(GMAW or MIG), plasma arc welding (PAW), and electron beam welding (EBW). In general, unalloyed Ti
and all-a Ti alloys are weldable. Some near-a alloys that have little 3 present can also be weldable, but
strongly 1 stabilized alloys are not weldable as they become embrittled by welding. Fullyp alloys can be
welded in some cases, but post-weld heat treatment to improve the strength of the welds generally leads to
embrittlement through the formation of intermetallic compounds (Donachie, 1988).
Welding Ti alloys can, under some circumstances, have unintended, adverse effects on properties as
Ti solidifies first in the 1 phase region from the melt, prior to a solid-state transformation to a (Inoue
and Ogawa, 1995), and the grain structure of the fusion zones (FZ) and HAZs of weldments tend to differ
significantly from the parent metal. Initial solidification in the

P

phase followed by subsequent

transformation to a can result in nonequilibrium solidification behavior and mircosegregation of alloying
and impurity elements leading to possible solidification cracking in the weldment (Inoue and Ogawa, 1995;
Damkroger et al., 1989). Elemental segregation in the FZ and HAZ may also lead to regions depleted in
alloying elements beneficial for corrosion resistance, as will be discussed in subsequent sections.
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Differences in grain structure, as previously discussed, can have a significant effect on mechanical
properties. Similar results have been observed resulting from weldments. In a study on the effects of weld
current pulse frequency [the weld current is direct current, not alternate current, but is cycled on and off at
a particular frequency to provide better control of the weld pool (American Welding Society, 1989)] on the
properties ofTi alloy weldments formed using GTAW by Mohandas and Reddy (1996), it was found that at
low and high frequencies (<3 cycles/s and >7 cycles/s), the grain structure ofthe FZ was columnar whereas
at intermediate frequencies the FZ tended to be more equiaxed. As a result, the UTS was found to vary by
as much as a factor of greater than 2.
To minimize some of the detrimental effects of welding on properties, post-weld heat treatment to
relieve residual stress is often performed. By this process, weld cracking and SCC susceptibility can be
minimized and fatigue strength can be improved (Donachie, 1988). The effects of stress relief heat
treatment on the residual stress for Ti-6A14V are shown in figure 3-6. As can be seen, an initially dramatic
decrease in the residual stress is observed within the first 15-30 min of heat treatment, especially at higher
temperatures. Similar trends would be expected fora Ti alloys as the thermal expansion coefficient for most
Ti alloys are comparable. Care must be taken, however, in performing stress reliefheat treatments. Excessive
temperatures and/or times may lead to grain coarsening, recrystalization, the formation of intermetallic
compounds and dissolution of desirable phases (Donachie, 1988). Although the rate of cooling from the
stress-relieving temperature is not critical, the uniformity of the cooling rate, however, can be important
especially in thick sections and can result in significant growth, especially ina Ti alloys (Donachie, 1988).
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3.2

ENVIRONMENTAL EFFECTS ON MATERIAL PERFORMANCE

Because the likely candidate materials for use as construction materials for the drip shield area
alloys, this section on the effects of the environment on material degradation will focus primarily on these
materials without covering the extensive body of literature available pertaining to a-P and P alloys
utilized extensively in aerospace applications.
3.2.1

General Corrosion and Passive Dissolution

Ti alloys have long been recognized as being highly resistant to corrosion as a result of their ability
to form a protective oxide film when in contact with oxygen or water (Schutz and Thomas, 1987). This film
is generally highly stable, continuous, and highly adherent. Because Ti has a high affinity for oxygen, these
protective oxide films form spontaneously and nearly instantly when fresh metal is exposed to either air or
water (Schutz, 1995).
The composition and nature of the protective oxide films that form on Ti alloys depend on
environmental conditions, but in most aqueous environments they typically consist of TiO2 . The film may
also consist ofamixture of oxides, including TiQ, Ti20 3 , and TiO (Schutz, 1995), andtypically has athickness
of between 10 and 30 nm. Oxidation at high temperatures tends to promote the formation of the crystalline
form of TiO 2 (rutile), whereas low-temperature oxidation tends to result in the formation ofthe amorphous
form of TiO 2 (anatase) or a mixture of the anatase and rutile (Schutz, 1995). As a result of thehigh
chemical-resistance of TiO 2 , Ti alloys exhibit excellent corrosion resistance, but can be attacked in hot,
concentrated hydrochloric, sulfuric, and hydrofluoric acids and sodium hydroxide solutions (Schutz, 1995).
Under conditions where the protective oxide is thermodynamically stable, passivity and good corrosion
resistance can be expected, as summarized in figure 3-7 which shows the Pourbaix (potential-pH) diagram
for the Ti-water system at 25 0 C (Pourbaix, 1974). The TiO 2 film is stable over a wide range of potentials,
from mildly reducing to highly oxidizing, and over a wide range ofppH values (from acidic to alkaline). Based
on this, Ti alloys are generally assumed to be nominally immune to corrosion in all natural waters, including
seawater, and halide, S04 2-, PO431, silicate, NO3-, and C0 3 2 - salt solutions over a pH range of 3-12
(Schutz, 1995). Additionally, rapid dissolution clearly has been shown to occur in moderate to strong reducing
acid solution, such as hydrochloric, hydrobromic, sulfuric, and phosphoric acid solutions as can be inferred
from the domain of stability for Ti2+ and Ti3+ at low potentials in figure 3-7, especially at high acid
concentrations and elevated temperatures. Care should be taken, however, in using Pourbaix diagrams to
predict material performance as these diagrams only illustrate the ranges ofthermodynamically stable phases
and do not consider metastable phases or species, the kinetics at which reactions proceed, and do not
generally account for localized breakdown of the protective oxide as may occur under some conditions. In
many cases, the diagrams have been generated for conditions at 25 °C and extrapolation to higher
temperatures is not always straightforward. For comparison, the Pourbaix diagram for the Ti/H 2 0 system at
100 °C is shown in figure 3-8 in which the dashed lines labeled "a" and "b" show the stability region for
water. Based on thermodynamics, the corrosion resistance ofTi should increase with increasing temperature
as a result ofthe improved stability ofTiO 2 increases in temperature, though, also increase reaction kinetics.
Thus, under some conditions, increases in temperature may be detrimental to the corrosion resistance of Ti
alloys (figure 3-9).
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To this point, this section has not made a distinction between general corrosion in the form ofpassive
dissolution or active dissolution. In the context discussed herein, passive dissolution can be viewed in terms
ofthe nominally uniform, slow dissolution (- 0.04 mm/yr) ofthe passive film (in this case, an oxide film) that
is exposed to solution. Active dissolution, in contrast, can be viewed as the uniform, rapid dissolution ofthe
air-formed oxide followed by dissolution of the unprotected metal (Schutz and Thomas, 1987) in the +3
valence state (Ti3+) as opposed to the +4 state that results in the formation of TiO2 . The effect of pH on the
active dissolution rate and the width of the active nose are illustrated in figure 3-10. As the pH was
decreased, the peak current density ofthe active nose increased (indicating an increase in the dissolution rate)
and the width of the nose in the potential direction also increased (thus raising the potential necessary to
achieve passivation).
There are a number of environmental and metallurgical factors that can affect passive and active
dissolution. The presence of oxidizing agents, such as nitric and chromic acids, and the dissolved salts ofiron,
nickel, copper, and chromium, can act as inhibitors and decrease corrosion. The oxidizing agents likely
promote inhibition of corrosion by accelerating growth ofthe oxide film because they increase the potential
into the region of stability ofTiO 2 . Metallic ions (from dissolved salts) are thought to adsorb on the Ti metal
surface and thereby aid in corrosion inhibition (Donachie, 1988). The effect ofCr2 0 72- on the corrosion rate
of CP Ti in boiling nitric acid solutions is shown in figure 3-11. Even additions of as little as 0.001 wt %
Cr 2 0 72 - were found to decrease the corrosion rate by over two orders of magnitude (Schutz and
Thomas, 1987). The beneficial influence ofoxidizing agents, however, is not always manifested and depends
on concentration. Furthermore, the presence of hydrogen peroxide (a well known oxidizing agent) has been
shown to form a soluble complex with Ti (titanium-peroxyl), thereby dramatically increasing the corrosion
100
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Figure 3-10. Effect of pH on the active dissolution behavior of pure Ti in 1 M Cl- solutions (Kelly,
1979)
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nitric acid solutions after 65-hr exposure
rate, especially in alkaline environments (Schutz and Thomas, 1987). In the proposed repository, hydrogen
peroxide could result from radiolysis and if a concrete liner is used, alkaline conditions will prevail as a result
of water-concrete interaction. The presence of halides such as Cl, Br-, and F-, in sufficient concentration,
can also lead to accelerated corrosion rates, and in particular can lead to localized corrosion as will be
discussed in the next section.
Additionally, the pH and Cl- concentration have also been found to have an influence on the passive
dissolution rate of some Ti alloys, although data are limited in this area. Decreasing the pH from near neutral
to 1 in 0.6 M NaCl solutions raised the passive dissolution rate of Ti- I 5V-3Cr (ad Ti alloy) by a factor of
2 (from 0.5 to 1. IpA/cm2). When tested in 5 M HCI, the passive current density only increased by an order
of magnitude compared to that measured in 0.6 M NaCl (Kolman and Scully, 1994). In other work on pure
Ti thin films, it was observed that the pH and Cl- concentration had little or no influence on the passive
dissolution rate (Kolman and Scully, 1996). Similar observations that pH and C1 concentration do not impact
general corrosion rates have been made in industrial experience using Ti alloys in geothermal and desalination
plant applications (Conover et al., 1980). Thus, the effects of pH and Cl- concentration on the passive
dissolution and general corrosion rate of Ti alloys is not straightforward and further work in this area is
necessary to clearly delineate these effects.
The main metallurgical factor that influences passive and active dissolution is alloy composition.
Additions of Pd, Mo, and Ni have been found to improve the corrosion resistance of a Ti alloys in
nonoxidizing acid solutions. Tomashov et al. (1972) explained the effect of Pd additions as a result of an
enhancement in the hydrogen evolution kinetics in reducing acid environments such that the intersection of
the hydrogen evolution reaction with the anodic dissolution reaction for Ti was located in the passive region
above the active-passive transition (see figure 3-10). Mo and Ni have also been shown to enhance the passive
3-14

behavior ofTi, thereby improving the resistance of Ti to localized corrosion as well as to general corrosion
in reducing acid solutions. Additions ofMo, however, can result in significant segregation and the formation
of inclusions as a result of the large disparity in the melting temperatures ofTi and Mo (1,660 and 2,61 TC,
respectively).

3.2.2

Localized Corrosion

During localized corrosion of Ti alloys, as is the case for all materials, there exist discrete locations
on the material surface that undergo rapid dissolution, whereas the vast majority of the surface undergoes
slower, uniform passive dissolution. The principal forms of localized corrosion encountered when using Ti
alloys are pitting and crevice corrosion. The potential exists for intergranular corrosion to also occur, but
intergranular corrosion has been observed much less often than either pitting or crevice corrosion.

I

There are a number of environmental factors that have been found to influence the onset and
propagation of localized corrosion. These include the concentration of halides (in particular Cl, Br, and F-),
the pH, temperature, the presence and concentration of other species, and the redox potential (and thus the
corrosion potential). In general, though, Ti alloys are highly resistant to localized corrosion compared to other
materials. Table 3-4 illustrates the relative resistance ofTi alloys to localized corrosion as compared to other
materials through the repassivation potential measured in 2.5 wt % NaCI at a pH of 1.5 and 820 C (Schutz
and Grauman, 1985). The repassivation potential for Ti alloys in this environment is considerably greater than
that for SS, and are well above 6 VSCE. The high values reported for the repassivation potential for Ti, though,
are somewhat misleading, as it was unclear iflocalized corrosion had in fact taken place. The high potentials
reported for Ti alloys may be a result of the highly insulating nature of TiO2 and the need for high over
potentials to measure a significant 02 evolution current. Another possibility is that at high potentials the nature
of the oxide changes which then results in transpassive dissolution of Ti instead of the classical passivity
breakdown associated with localized corrosion.

Table 3-4. Repassivation potentials measured for different materials in deaerated, pH 1.5,
2.5 wt % NaCI solution at 82 °C (Schutz and Grauman, 1985)
Material

Repassivation Potential (Vff\F)

Type 316L Stainless Steel

-0.130 to -0.010

Type 904L Stainless Steel

-0.110 to -0.010

Ti Grade 2

7.040 to 7.140

Ti Grade 7

7.340 to 7.490

Ti Grade 12

6.810 to 6.940
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As is the case with other materials (e.g., SSs, carbon steels, and Ni alloys), the critical potentials for
localized corrosion of Ti alloys are dependent on the log of the concentration of the aggressive species
(e.g., Cl) present, as illustrated in Eq. (3-1)
(3-1)

Ecnt = E0t-B log C.

where Ecit is the critical potential for localized corrosion (i.e., pitting, repassivation, crevice,
crevice-repassivation), E0 is the critical potential at 1 M concentration of species X,B is the slope, and
Cx is the concentration of the aggressive species X. For Ti alloys in Br- solutions, B has been found to be
near 0.11 as illustrated in figure 3-12 (Beck, 1974; Szklarska-Smialowska, 1986). As can be seen, the pitting
potential for Ti decreases by approximately 110 mV for every decade increase in the Br- concentration. Other
researchers have found values for B of 0.43 for Br- and 0.10 for Cl- solutions (Koizumi and Furuya, 1973).
The minimum halide concentration needed for localized corrosion has also been examined with the minimum
Br- concentration for the observation of pitting corrosion being approximately 0.002 M at 25 'C
(Szklarska-Smialowska, 1986) and the minimum Cl- concentration for crevice corrosion being as low as
0.043 M at 150 'C (Tsujikawa and Kojima, 1993) and 0.1 to 0.27 Mat 100 'C (Tsujikawa and Kojima, 1993;
Ikeda et al., 1990). Furthermore, the relative aggressiveness of the halide species on the localized corrosion
resistance of Ti alloys has also been examined. In general, there seems to be a correlation between the
aggressiveness of the species and its adsorption energy on TiO2 , with the highest adsorption energy species
being the most aggressive (Szklarska-Smialowska, 1986). The following ranking of aggressiveness seems
to hold for most Ti alloys: Cl- < I- < Br- < F-. The pitting potentials is generally highest in C1- solutions and
lowest in Br- solutions (Szklarska-Smialowska, 1986). It is thought that in F- solutions, general dissolution
of Ti occurs over localized corrosion through the formation of a TiF62 + complex which is more stable than
TiO2 .
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Figure 3-12. Effect of Br- concentration on the pitting potential of Ti (Beck, 1974)
3-16

10

Other species present in the environment can also have an impact on the localized corrosion
resistance of Ti alloys. For example, several oxyanions have been found to have an inhibiting effect
on localized corrosion. Koizumi and Furuya (1973) ranked the effectiveness of several species on inhibiting
pitting corrosion of CP Ti in Cl- solutions: C0 32 - < P043 - < NO3 - < S0 4 2-. All of these species were found
to increase the pitting potential ofCP Ti. They firther found that dissolved oxygen had no effect on the pitting
potential, but did result in an increase in the open circuit potential. As was discussed in the previous section
(General Corrosion and Passive Dissolution), other oxidizing agents that inhibit general corrosion can also
inhibit localized corrosion (Szklarska-Smialowska, 1986).
The effects of pH on the localized corrosion behavior of Ti alloys have also been examined, albeit
to a much more limited extent than the effects of halide species. Ahn (Ahn et al., 1983, 1984) and coworkers
observed that at pH <1, rapid breakdown of the passive film on Ti grade 12 occurred in brine solutions at
temperatures as low as 80 'C. Koizumi and Furuya (1973) observed that the pitting potential of CP Ti in
0.53 M NaCl solutions at 200 'C increased slightly as the pH was increased from 1 to 7, as shown in
figure 3-13. It is interesting to note that for other materials (such as carbon steels and Ni base alloys), the bulk
pH similarly has a role in pit stabilization (Alvarez and Galvele, 1984; Szklarska-Smialowska, 1986). In
general, it is thought that as the pH ofthe environment increases thatit becomes more difficult for the solution
inside the occluded region (pit or crevice) to achieve a critical [Ht] thereby inhibiting localized corrosion. For
carbon steels, however, the pH at which buffering seems to play a role is near 10 (Alvarez and

1.7
1.6
0
.7

C

w

C 1.5

a)

-: 1.4
-.
_

C._

QL

C-)

1.3

1.2

0

I

I

I

I

I

I

I

1

2

3

4
pH

5

6

7

8

Figure 3-13. Effect of pH on the pitting potential of commercial purity Ti in 0.53 M NaCI at 200°C

(Koizumi and Furuya, 1973)
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Galvele, 1984). The effect of pH on localized corrosion of Ti is far from clear. For example, examination of
figure 3-12 reveals that the pitting potentials measured in HBr solutions were similar to those measured in
KBr indicating that there is no pH effect. Thus, the role of pH on localized corrosion of Ti is unclear and may
depend on the other environmental conditions (presence and concentration of various anionic species,
temperature, etc.).
The temperature of the environment has been shown to play a critical role in determining the
susceptibility of Ti alloys to localized corrosion. At higher temperatures, the pitting potential of Ti alloys
generally decreased, though not necessarily in a linear fashion as has been observed for SSs. The effects of
temperature on the pitting potential in Cl-, Br-, and I- solutions are shown for CP Ti in figure 3-14. Of these
halides, it is clear that temperature plays a more significant role in the reduction of the pitting potential in Clcontaining environments. This is further illustrated in figure 3-15 (Posey and Bohlmann, 1967), which shows
the effect of temperature on the pitting potential of several Ti alloys in I M NaCl solutions. In Cl- solutions,
there seems to exist a threshold temperature for some Ti alloys, below which the pitting potential is relatively
high and above which the pitting potential is relatively low. For example, at 125 0 C in 1 M NaC1, the pitting
potential of Ti-0. 15Pd is approximately 4.8 VSCE, whereas at 150 'C the pitting potential decreased to nearly
2 VSCE (figure 3-15). Even though the pitting potential for this alloy was still relatively high at 150'C,
continued increases in the temperature resulted in further decreases in the pitting potential such that at
175 'C, the pitting potential was approaching 1 VSCE. Tsujikawa and Kojima (1993) explored the use of
temperature as a repassivation parameter for crevice corrosion. They mapped the environmental conditions
(Cl- concentration, potential, and temperature) under which crevice corrosion took place as opposed to
repassivation of the sample (figure 3-16). Based on this work, it is clear that the Cl- concentration needed
for crevice corrosion decreases with increasing temperature up to a certain temperature, similar to the
observation that increasing the temperature reduces the pitting potential at a constant Cl- concentration. It
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is interesting to note that based on the work by Tsujikawa and Kojima (1993), increasing the temperature at
constant Cl- concentration and potential promoted repassivation [presumably through improved stability of
the TiO2 passive film (see figure 3-8)]. This observation seems to contradict the results shown by Beck (1974)
and by Posey and Bohlmann (1967) in which increasing temperature resulted in a decrease in the pitting
potential. One possibility is that at elevated temperatures, the nature and structure of the TiO2 passive film
is changing. Further work trying to nationalize these observations is necessary.
Because of their high resistance to localized corrosion, Ti alloys are often utilized in industrial
applications where exposure to high-temperature, high-chloride solutions occurs, such as in geothermal
power generation. Most ofthese applications involve the exposure ofpower generation equipment and piping
to brines at pressures up to 750 psi, temperatures as high as 315 'C, Cl concentrations up to 120,000 ppmw,
(parts-per-million by weight), dissolved solids up to 260,000 ppmw and the possibility of the presence
of dissolved acidic gases such as H2S and CO2 (Love et al., 1991; Schutz, 1985; Syrett et al., 1980). Under
these conditions, Fe and Ni alloys tend to undergo rapid localized corrosion, whereas Ti alloys have been
found to be essentially immune to corrosion. For example, under identical laboratory conditions in simulated
brines, Alloys C-276 and 625 were observed to suffer from extensive crevice and pitting corrosion whereas
Ti grade 12 and Ti-0.15Pd did not experience localized corrosion, even at weldments (Schutz, 1985). The
apparent resistance of Ti alloys to these environments has also been confirmed through inservice field testing.
Love et al. (1991) reported on field usage of Ti P-C (Ti-3Al-8V-6Cr-4Mo-4Zr) in which no localized
corrosion was observed in 8-5/8- to 9-5/8-in.-diameter tubing at lengths up to 1,520 ft utilized in trials at the
Salton Sea KGRA provided in chapter 2 for times up to 833 days. Though somewhat limited, the industrial
experience in using Ti for engineering components in aggressive environments has verified that Ti alloys are
highly corrosion resistant.
The corrosion potential (as influenced by the redox potential of the environment) is important in that
the potential must exceed the repassivation potential for localized corrosion to occur. As was shown in
figure 3-16, at a constant Cl- concentration, the potential needed for crevice corrosion to occur decreased with
increasing temperature. Similarly, the pitting potential is also a function ofCl- concentration and temperature.
It is important to note that in most freely corroding systems (corrosion under open circuit conditions),
potentials exceeding 0.5 VSCE generally are not observed. Thus, it would seem unlikely that the potential
would exceed the pitting potential for most Ti alloys based on short-term laboratory testing. The potentials
required for nucleation and propagation of crevice corrosion, however, are much lower and could be
achievable in a number of environments. The use of the crevice repassivation potential has been suggested
by Tsujikawa and Kojima (1993) as an enabling parameter for localized corrosion and Ikeda et al. (1990)
have also examined the effects of the environment on crevice corrosion of Ti alloys. In one case, Ikeda et al.
(1990) examined the effect of temperature and Cl concentration on propagation of localized corrosion and
found that penetration rates were higher at 105 °C as opposed to 150 'C. In general, though, there is little
data on the repassivation potential of Ti alloys (as opposed to pitting potential data) nor are there long-term
data verifying the proposed utility of using the repassivation potential as an enabling parameter for localized
corrosion, as has been done for Ni alloys and carbon steel (Dunn et al., 1996c; Sridhar et al., 1993a;
Cragnolino et al., 1996a; Brossia and Cragnolino, 1999).
In addition to environmental factors, metallurgical and compositional factors have also been shown
to influence the localized corrosion resistance of Ti alloys. In an extensive examination of the role of various
alloying elements on localized corrosion of Ti alloys, Posey and Bohlmann (1967) found that additions of
Al, Sn, and Ni tended to increase the pitting potential for Ti alloys if the solution temperature was less than
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100 'C. Additions of Mo were observed to increase the pitting potential at elevated temperatures (> 125°C)
and Pd additions did not influence the pitting potential. They proposed that these changes in the pitting
potential were a result of changes in the ionic conductivity of the passive film which, they proposed, was
dictated by the diffusivity of oxygen vacancies. In addition to improving pitting resistance, Ni and Mo, along
with Pd, were shown to improve crevice corrosion resistance, which is not surprising given that these
additions have been demonstrated to improve the corrosion resistance of Ti to reducing acid environments.
Similar results also were reported by Schutz and Grauman (1985). Iron, an element commonly found in Ti
alloys either as an impurity or as an intentional alloying element, is generally considered to be detrimental to
corrosion resistance. There have been some reports, however, that slight increases in the Fe content of CP
Ti (total Fe <0.3 wt %) lead to decreases in the dissolution rate during crevice corrosion and may even aid
in repassivation (Ikeda et al., 1990). Though the mechanisms by which these alloying elements influence
corrosion resistance are still unclear, their effects on performance, even when present in small concentrations,
cannot be ignored.
As mentioned previously, intergranular corrosion typically has not been observed as a primary failure
mode for Ti alloys (Schutz, 1991). The potential does exist, however, for preferential segregation of
undesirable impurities and bulk alloying elements at grain boundaries, especially in the FZ and HAZ, leading
to preferential corrosion at weldments. For example, preferential segregation ofAl and Fe has been observed
to result in a localized decrease in the repassivation potential in Cl solutions (Schutz and Thomas, 1987). The
segregation of Al may also lead to the formation of a 2 (Ti3 AI), which has also been shown to be
detrimental to corrosion resistance (Biefer and Williams, 1975). In Mo-bearing Ti alloys (e.g., Ti grade 12),
preferential segregation of Mo has been observed resulting in the formation ofJ3-phase precipitates at grain
boundaries with the subsequent formation of Mo-depleted regions (Schutz and Thomas, 1987). The effect of
weldments on the corrosion resistance of Ti alloys has not been addressed adequately in the literature but,
in general, it would be expected that the FZ and HAZ of weldments would be likely candidate areas for
preferential corrosion.
Localized corrosion processes also have been shown to lead to or aid in initiating other corrosion
modes. For example, pits have been found to act as stress raisers leading to SCC and crevice corrosion has
been observed to lead to HE. The aspects by which these processes occur are discussed in the sections on
SCC (section 3.2.4) and hydrogen embrittlement (section 3.2.5).
3.2.3

Microbially Influenced Corrosion

Nearly all common engineering alloys (e.g., carbon steel, SS, aluminum alloys, Ni alloys) have
exhibited some form of susceptibility to MIC. In many cases, microbial activity results in the formation of
small tubercles on the metal surface under which severe pitting or crevice corrosion occurs (Schutz, 1991).
Extensive laboratory and field testing of Ti alloys, however, has revealed that Ti is apparently immune to
microbial attack, even though extensive formation of biofilms on Ti alloys has been reported (Schutz, 1991;
Little et al., 1992, 1993; Chen et al., 1988).
The apparent immunity ofTi alloys to MIC is derived from the same property that gives Ti alloys their
resistance to other forms ofcorrosion: the high reactivity between Ti and oxygen that results in the formation
of an adherent, protective oxide film. Because this film is stable over a wide range of redox potentials and
pH values (see section 3.2.1 and figure 3-7), it is generally considered that there are three relevant corrosion
modes associated with MIC and Ti alloys. These include active dissolution (general corrosion) under reducing
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acid conditions, Cl and/or sulfate-induced crevice corrosion or both, and hydrogen absorption leading to
embrittlement (Schutz, 1991). Pitting corrosion of Ti resulting from microbial activity generally is not
considered to be a relevant corrosion mode as a result of the extremely high pitting and repassivation
potentials associated with Ti alloys.
Ti alloys are considered fully resistant to the reduced species associated with anaerobic activity,
including ammonia, sulfides, nitrites, ferrous ions, and organo-sulfur compounds over a wide range of
concentrations and temperatures as high as 100 'C (Schutz, 1991). For example, sulfur and sulfide cannot
react nor reduce TiO 2 at relevant temperatures due to free-energy considerations. Additionally, the production
of organic acids from microorganisms is not likely to induce corrosion, as TiO 2 is stable under fully
deoxygenated, reducing conditions down to a pH of 2 at temperatures as high as 100IC (Schutz, 1991; see
also figure 3-7). Ti alloys, therefore, are resistant to the relatively weak (pH> 3) organic acids produced such
as acetic, lactic, and formic acids over a wide range of concentrations, as shown in table 3-5. The presence
of Cl could lead to conditions conducive to active corrosion of Ti alloys, however, the effective HCO
concentration required would have to approach 2 wt % at 50 0C, which is considered unlikely given the
typical pH values of the acids produced from microbial activity.
Although the metabolism of some anaerobic microorganisms results in the formation of hydrogen
(e.g., S0 4 2--reducing bacteria-SRB), the presence of the intact oxide film on Ti restricts hydrogen
absorption into the lattice (Schutz, 1991). It has been established that TiO 2 acts as an effective diffusion
barrier for hydrogen ingress into Ti (Donachie, 1988), thus significant hydrogen uptake does not take place
unless bare metal is exposed. Furthermore, the effect of temperature on the diffusion of hydrogen and
anaerobe activity also precludes significant hydrogen uptake (Schutz, 1991). That is, at higher temperatures,
hydrogen diffusion is faster, but anaerobic activity is minimal and little hydrogen is produced whereas at lower
temperatures some hydrogen is produced, but diffusion is slow.
Ti alloys are also highly resistant to the acidified oxidizing conditions and species associated with
aerobic activity. As a result ofthe oxidizing nature ofthe environment, the redox potentials are shifted in the
noble direction toward the region of increased TiO2 stability (see figure 3-7). The beneficial influence ofthe

Table 3-5. Corrosion resistance of commercial purity Ti in deaerated organic acids (Schutz,
1991)

I Organic Acid

Concentration (wt %)

I Temperature (°C)

I Corrosion Rate (mpy)

Acetic acid

0-99.5

100

<0.2

Lactic acid

85-100

100

0.4

Formic acid

10

100

<0.2

Maleic acid

20

35

<0.2

100

185

<0.2

50

60

<0.2

Succinic acid
Citric acid
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presence of oxidizing metal cations has been discussed previously, and since these can be produced along with
other oxidizing metabolic byproducts such as NO 3 -, polythionates, and oxygen, passivation of Ti alloys is
generally maintained (Schutz, 1991). In the presence of sufficient Cl- or S042- concentration (as is often
associated with microbial activity), crevice corrosion of Ti alloys could occur. The temperature at which
crevice corrosion ofTi becomes feasible, though, tends to be above 75-80'C which is well above the typical
survival temperature for most microbes (Schutz, 1991). Thus, even in the presence ofaggressive species such
as Cl, it is unlikely that Ti will suffer corrosive attack from aerobic bacteria. As was the case for anaerobic
conditions, hydrogen absorption is not a significant issue under aerobic conditions as the stability ofthe TiO 2
film is generally enhanced under aerobic conditions (Schutz, 1991).
Although weldments likely provide preferential locations for microbe attachment, enhanced MIC at
Ti weldments has not been observed. It is thought that despite differences in the underlying microstructure,
the integrity and protectiveness ofthe TiO2 that forms on the weldment is nominally equivalent to that formed
on the base metal. As such, it has been shown that no preferential corrosion or hydrogen absorption occurs
at weldments as a result of microbial activity (Schutz, 1991; Little et al., 1992, 1993). Therefore, weldments
are generally not considered detrimental to material performance with respect to MIC resistance.
3.2.4 Stress Corrosion Cracking
In general, Ti alloys can be considered to be highly resistant to SCC, especially when compared to
other engineering materials. The resistance of Ti alloys to SCC is derived from the same basis that affords
Ti its well known resistance to other forms of corrosion: it is a highly reactive metal that instantaneously forms
a protective oxide film in the presence of oxygen or water (Schutz, 1992). That being said, however, there
have been reported cases of SCC failures of Ti components as early as the 1950s. One example observed
was that several medium-to-high-strength Ti alloys in certain metallurgical conditions experienced a substantial
reduction in fracture properties when exposed to seawater (Schutz, 1992; Wanhill, 1975). Thus, the
mechanical and metallurgical conditions of the alloy, as well as the environment to which it is exposed
influence SCC resistance.
For SCC of Ti alloys to occur, several mechanical requirements must be met. First, there must be a
stress raiser present to overcome the resistance ofTi alloys to crack initiation (Simbi, 1996). This is a critical
aspect, as mosta Ti alloys, when tested as smooth specimens in neutral aqueous Cl- solutions, do not exhibit
SCC (Blackburn et al., 1972). The strain rate and the type of loading are also important. Extremely rapid
straining of Ti alloys will generally result in ductile failure, whereas slow straining can allow for crack tip
repassivation and arrest of SCC (Simbi, 1996). Thus, moderate strain rates tend to be more prone to SCC.
With respect to loading, it is generally observed that Ti alloys are only susceptible to SCC under tensile loading
conditions (Mode I loading) and are nominally immune under torsional loading (Mode III loading). So not only
is the magnitude of the load important, but also the manner in which the loading occurs (Simbi, 1996).
In addition to these factors, the geometry of the specimen must be such that plane strain conditions
prevail at the crack tip (Schutz, 1992; Simbi, 1996). As a result, the thickness of the sample is important in
that above the critical thickness (t. the plane strain condition exists and brittle SCC fracture is possible,
and below tc,, the plane stress condition exists and SCC does not occur (Simbi, 1996). Furthermore, the plane
strain condition allows the calculation ofcrack tip stress using linear elastic fracture mechanics approaches,
thereby allowing a quantitative measure of SCC susceptibility (Simbi, 1996). Because ofthis, there exists a
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threshold stress intensity factor, Klscc below which stress corrosion cracks do not propagate, even when
specimens have been under stress for long periods of time (Peterson et al., 1967; Smith et al., 1968;
Boyd, 1973). Generally, there exist three stages of SCC crack propagation associated with intergranular
separation (Stage I), transgranular cleavage (Stage II), and microvoid coalescence (Stage III). These stages
are illustrated in figure 3-17. Ti alloys in aqueous halide environments only exhibit Stage II crack growth, in
which the crack propagation rate (or velocity) is independent of stress intensity (Simbi, 1996). Under these
conditions, it is thought that crack propagation is limited by a diffusional process or an electrochemical reaction
within the crack tip rather than a mechanical process.
As was mentioned in reviewing the mechanical properties ofTi alloys, crystallographic orientation
also impacts SCC resistance. It has been demonstrated that SCC failures of Ti alloys tend to occur via
cleavage-like processes, and because these processes occur on specific planes, the average orientation of
these planes with respect to the applied stress will influence the degree of susceptibility
(Blackburn et al., 1972). For a and a-0 alloys, the cleavage plane is between 14 and 16 degrees from
the basal plane (Simbi, 1996; Blackburn et al., 1972). After processing of Ti plate or sheet, the basal planes
(0001) of the a phase present can exhibit a high degree of texture with the basal planes aligned parallel to
the rolling direction and normal to the top and bottom ofthe rolling surface (Blackburn and Smyrl, 1973). This
is illustrated in figure 3-18 which schematically shows the influence oftexture on crack propagation in DCB
a Ti specimens. As can be seen, the preferred direction for crack propagation is parallel to the basal planes.

III

E2L-,4

C.)Z

0
0)
0
so

0
-j

Stage I

0(
I
Subcritical
I

KiCK
Applied stress intensity/K

Figure 3-17. Stress corrosion crack velocity (V) as a function of stress intensity (K) typically
observed in high-strength alloys (Simbi, 1996)
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Figure 3-18. Influence of texture on crack propagation in double cantilever beam Ti specimens
illustrating the importance of texture on crack orientation (Blackburn et al., 1972)
Also known to influence the SCC susceptibility of Ti alloys are metallurgical variables, including
alloy composition, slip character, and the structure, morphology, and grain size of the alloy phases present.
The relative importance of these variables on SCC resistance is dependent on the alloy class, with alloy
composition being the dominant metallurgical parameter influencing the SCC resistance of a Ti alloys
(Simbi, 1996). Additions of Al, Sn, and the interstitials 0, C, and N all decrease the resistance ofa alloys
to SCC, presumably through the promotion of planar slip (Williams, 1967; Blackburn and Williams, 1969).
Oxygen additions have also been found to increase grain coarsening, which is known to promote slip
planarity (Simbi and Scully, 1995). Alloy susceptibility to SCC increases dramatically atAl levels 2 5 wt %,
stemming from an increased tendency for precipitation ofa2 (Schutz, 1992). Iron and Zr additions appear to
decrease susceptibility, though this is based on inferring relationships based on testing of ternary and
quaternary alloys (Curtis et al., 1969; Blackburn et al., 1973).
Weldments can also influence SCC resistance. Residual stresses from welding Ti alloys have been
reported as high as 400 MPa (Blackburn et al., 1972). Most welded structures are given a post-weld heat
treatment. The effect of welding and post-weld heat treatment on SCC resistance in 3.5 wt % NaCI at 25 0C
is shown in figure 3-19. Also shown for comparison are the K,, and Kls~c values for the base metal. Clearly
welding reduces Kls~cc Furthermore, post-weld heat treatment may not restore SCC resistance to the level of
the base plate. Additionally, as mentioned in the section on welding, post-weld heat treatment can lead to the
formation of undesirable phases, such as a2, if care is not taken. Overall, the effect of welding on SCC
resistance is a strong function ofthe alloy and also potentially the welding method (Judy and Goode, 1967).
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Figure 3-19. Effect of welding and post-weld heat treatment on the stress corrosion cracking
properties of Ti-6Al-6V-2Sn-lCu-0.SFe alloy in 3.5 wt % NaCl at 25 'C (Blackburn et al., 1972)

The susceptibility ofTi alloys to SCC is strongly dependent on the environmental conditions present.
The primary environmental variables of importance include the type and concentration of species in solution,
the pH, redox potential, temperature, and viscosity ofthe solution under flowing conditions (Wanhill, 1975).
The presence of halides, particularly Cl-, Br-, and I-, can induce SCC in alloys that are immune to SCC in
distilled water (Schutz, 1992), and is a function of concentration. Figure 3-20 reveals the effect of Clconcentration on SCC resistance of a Ti-8AI- 1Mo- IV alloy at 24GC. Clearly, crack velocity increases with
Cl- concentration. Based on this and other works, it appears that SCC crack velocity varies directly with
halide concentration to the 0.25-0.5 power in concentrated solutions (Schutz, 1992). Other species, such as
NO3-, S042, hydroxyl, and P0 43 -, can have a neutral or even an inhibiting effect on SCC susceptibility
(Schutz, 1992; Feige and Murphy, 1967), but the inhibiting effectiveness tends to diminish with increasing
halide concentration. The presence of nonoxidizing cations (e.g., Na', K+, Ca2 +) has not been observed to
influence SCC. Oxidizing cations (e.g., Cu2 ', Fe3"), however, have been observed in some cases to increase
Klscc (Schutz, 1992). The mechanism by which oxidizing cations increase the resistance ofTi alloys to SCC
is thought to be through an increase in the potential of the metal into the passive range as will be discussed
in further detail in the next paragraph.
In neutral solutions, Ti alloys do not exhibit Stage I crack growth, only Stage II. In highly acidic
solutions, however, both Stage I and Stage II crack propagation have been observed. Decreasing the pH
tends to increase Stage II crack propagation rates and reduce Klscc as shown in figure 3-2 1. It should be
noted, however, that the decrease in pH in this case was also accompanied by an increase in the Clconcentration, and thus it is unclear if the observed increase in susceptibility was a result of the pH change,
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Figure 3-20. Effect of increasing Cl- concentration on Stage II crack velocity in Ti-WA-J.Mo-lV
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Figure 3-21. Effect of acidity on crack velocity at 24 0C for Ti-8A1-lMo-lV (Beck and Blackburn,
1968)
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the increased Cl concentration, or a combination of both. Increasing the pH through the addition ofNaOH
has shown little or a slightly inhibiting effect (at concentrations exceeding 1 M) on SCC susceptibility
(Simbi, 1996; Schutz, 1992). It is thought that this occurred as a result of increasing the concentration of
hydroxyl, a known passivating species as discussed previously.
For many Ti alloys, anodic or cathodic polarization tends to inhibit SCC and increase Kiscc values.
This is illustrated in figure 3-22 fora-P alloys in F-, Cl-, Br-, and I- solutions. Within a potential region near
- 0.5 VSCE, the Klscc reaches a minimum that depends primarily on the alloy composition and its metallurgical
condition (Beck and Blackburn, 1968). Similar results have been reported for Pd containing Ti alloys in sour
brine environments at 230 'C (Schutz, 1992). The results presented in figure 3-22 suggest that cathodic
polarization to potentials less than - 1.0 VSCE and anodic polarization to potentials above 0 VSCE in neutral Clenvironments effectively provide immunity to SCC, as evidenced by the load required to initiate cracking
approaching values needed for crack initiation in air. At low potentials, protection may be a result of the
formation of a hydride layer that can act similarly to the oxide film (figure 3-8). At higher potentials,
passivation through further growth ofthe oxide is promoted. It is also important to comment on the effect of
F-. It would appear that F- does not impact SCC resistance. This primarily results from the complexation of
dissolved Ti with F-, as discussed in the section on general corrosion, thus leading to rapid dissolution at the
crack tip and crack tip blunting. Thus, the effect of applied potential is also dependent on the other
environmental variables of the system.
Temperature has been found to influence crack velocity in Ti alloys, but other indices for indicating
susceptibility to SCC are generally independent oftemperature (Simbi, 1996). Figure 3-23 shows the effect
of temperature on the SCC crack velocity for a Ti-8AI-lMo-IV alloy in 3.5 wt % NaCl. As can be seen,
increasing the temperature increases the crack velocity, with very little effect on Klscc, at least up to
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Figure 3-23. Effect of temperature on crack velocity for Ti-8A1-l~o-1V in 3.5 wt % NaCI (Boyd et al.,
1969)
temperatures of 93 'C (366 K). There also seems to exist a temperature threshold for SCC of some Ti alloys,
below which negligible SCC is observed and above which severe SCC takes place. For example, Ti-3AI-8V6Cr-4Zr-4Mo has been shown to resist SCC in near-neutral NaCl brines up to 180 0 C, but fails at
temperatures above this (Schutz et al., 1992). This threshold temperature can be raised, in some cases by as
much as 80 'C, through changes in processing that result in microstructural refinement or through alloying
additions, particularly with Pt-group elements like Pd (Schutz et al., 1992). Most Ti alloys that are immune
to SCC in ambient seawater (such as grades 1, 2, 7, 9, and 12), however, tend to remain so in halide solutions
to temperatures as high as 200 0C (Schutz, 1992). Although little has been reported on the role of viscosity,
it appears that decreasing the solution viscosity tends to increase crack propagation rates and decrease the
time to failure (Simbi, 1996; Schutz, 1992). It has been reported that crack velocity during Stage II cracking
is under diffusion control and is thus independent of stress intensity (Simbi, 1996). As a result, decreasing
the viscosity of the solution would likely result in increased mass transport in the solution.
In geothermal applications, Ti generally is not considered susceptible to SCC. Exposure of coupons
stressed to 80 and 100 percent of YS to actual downhole conditions resulted in no cracking of properly heat
treated Ti O-C. Additionally, no cracking was observed during inservice tubes used for times over 800 days
(Love et al., 1991). Given the high resistance these materials have to localized corrosion in geothermal brines,
it is not surprising that they also exhibit a high resistance to SCC.
SCC of Ti alloys has also been reported in hot salts, gaseous environments, organic solvents, molten
salts, and liquid and solid metal embrittlement. Hot salt SCC refers to SCC that occurs at temperatures above
220 'C in the presence of a surface halide salt deposit. Hot salt SCC has only been reported in Cl-, Br-, and
I- salts and does not seem to occur in the presence of F- or hydroxide salts (Schutz, 1992; Blackburn et al.,
1972). For Cl- salts, the aggressiveness increases with the corresponding cation in the following order:
Mg2 Cl < SrCl 2 < CsCl < CaCI2 < KCI < BaCl 2 < NaCl < LiCI. Thinner surface oxide films and salt coatings,
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and the presence of water tend to enhance susceptibility to this form of SCC (Schutz, 1992). Little data have
been published in the area of gaseous SCC of Ti alloys, but generally the gases that promote SCC tend to be
moist chlorine, dry HCl, and dry hydrogen (Schutz, 1992). The other forms of SCC for Ti alloys will not be
discussed as their relevance to the use as a construction material for WPs in the proposed repository at YM
is minimal.
Based on the experimental results in the literature, there are two mechanisms for SCC of Ti alloys
that have been proposed as reviewed by Simbi (1996): embrittlement by hydrogen and electrochemical
dissolution controlled by mass transport kinetics. The HE model can account for the transgranular cleavage
observed in CP Ti and many a Ti alloys. Atomic hydrogen is known to be produced at the crack tip of most
susceptible Ti alloys as a result of crack tip acidification and tends to lower the stress necessary for fracture.
Passivating conditions result in the formation of TiO 2 which acts as a barrier for hydrogen ingress. The major
limitation of this model is that crack propagation rates generally cannot be correlated well with hydrogen
diffusion (crack propagation rates being several orders of magnitude higher). This limitation has been
countered by the argument that hydrogen diffusivity should be greater in a plastically deformed material.
Many researchers currently view SCC of Ti alloys to occur via HE, which will be discussed in section 3.2.5.
The mass transport kinetic model attempts to use electrochemical arguments to explain SCC susceptibility.
Essentially, cracking is a result of anodic dissolution and the crack propagation rate is limited by mass
transport of halide ions to the crack tip, dissolution of Ti to form Ti3", or diffusion of Ti3+ out of the crack tip.
Because of the requirement for atomic scale information and the lack of mass balance with respect to halide
ions entering and leaving the crack tip, it is difficult to assess the validity of this model. The presence of Ti3"
in the crack tip, the importance of aggressive species (such as Cl), and the fact that dissolution rates
corresponding to reasonable crack propagation rates are achievable, represent some of the aspects of SCC
phenomenology that this model can explain. Overall, though, the mechanism for SCC is quite complex and
further work is needed to validate these mechanisms.

3.2.5 Hydrogen Embrittlement
Similar to SCC, the detrimental interaction of hydrogen on the mechanical and fracture properties
of Ti and Ti alloys has been known for a considerable time (Blackburn and Smyrl, 1973). It has been shown
that a critical concentration of hydrogen in the material is generally required before a significant decrease in
properties is observed. This concentration depends on the alloy but, in many cases, is generally around
150 ppm; cases of embrittlement with hydrogen concentrations as low as 40-50 ppm have been reported
(Donachie, 1988). The presence of sufficient hydrogen leads to the formation of a brittle hydride phase that
results in a significant loss in ductility for the alloy. For example, Ahn and Soo (1983) showed that the
amount of displacement at failure of Ti-0.3Mo-0.8Ni decreased significantly with increasing hydrogen
concentration, and others have reported similar findings (Lucas, 1990; Clarke et al., 1994, 1997).
Several environmental factors play a role in determining HE susceptibility in Ti alloys. First,
conditions that degrade the stability of the passive TiO2 film generally lead to HE, as the oxide film acts as
an effective barrier to hydrogen absorption (Donachie, 1988). Thus, environmental factors such as pH, Clconcentration, redox potential, and temperature are important. Further, temperature is important for two
additional reasons. Increasing the temperature increases the diffusion rate of hydrogen into the matrix but,
at higher temperatures (likely above 100 0C), decreases the solubility of hydrogen in Ti (Donachie, 1988).
The conditions arising from other corrosion processes, particularly crevice corrosion, have also been shown
to lead to HE. Clarke et al. (1988) was able to demonstrate that under sufficiently slow straining conditions
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and relatively slow propagation of crevice corrosion, such that substantial thinning ofthe material by crevice
corrosion did not occur, failure by HE became operable. This arises as a result of acidification (due to
hydrolysis of Ti ions in the crevice) leading to a change in the cathodic reaction from oxygen reduction
outside the crevice to hydrogen evolution inside the crevice, thus producing hydrogen at the material surface.
Other works have also highlighted that at low pH, HE is promoted (Wang et al., 1998; Schutz and
Grauman, 1985). Redox potential is important in that under acidified reducing conditions, the oxide film is
not stable (see figure 3-7). Thus, galvanic coupling with various materials could lead to conditions in which
hydrogen production and absorption are promoted. This would seem to be contradicted by the results
presented in figure 3-22 in which lower potentials were beneficial. The results depicted in figure 3-22 were
for near-neutral halide solutions. Under acidic conditions at low potentials (reducing conditions), the
possibility exists for hydride formation, and thus, embrittlement.
The mechanical and metallurgical condition of the alloy also play a role in the susceptibility of Ti
alloys to HE. As is the case for SCC, the material must be under stress for HE to occur. The origin of this
stress can vary, ranging from applied loads to residual stresses associated with weldments. Crystallographic
orientation ofthe alloy is also critical. Similarto SCC, the preferred direction for crack propagation is parallel
to basal planes. The principal metallurgical factor that influences HE in a Ti alloys is alloy composition
(excluding hydrogen concentration). Though few systematic examinations on the effect of composition have
been performed, in many cases alloying additions that improve the stability of the oxide tend to promote
resistance to HE. For example, the hydrogen concentration necessary to observe catastrophic fast fracture
in Ti-0.3Mo-O.8Ni (Ti grade 12) was a factor of 4-6 greater than that needed for CP Ti (Clarke et al., 1994).
Furthermore, there was a distinct slow crack growth mode prior to fast fracture in the Ti grade 12 material
that was not observed in CP Ti. Additions of Pd have also been shown to be beneficial for HE resistance. In
this case, during dissolution of Ti, Pd can become enriched on the alloy surface. Then, because of
thermodynamic and kinetic reasons, hydrogen evolution preferentially will occur on Pd, leading to absorption
of hydrogen into Pd as opposed to Ti. As a result of the preferential absorption of hydrogen by Pd and the
slow kinetics of hydrogen diffusion from Pd to Ti, the HE resistance of Ti is dramatically improved
(Tomashov et al., 1972). It is unclear, however, under what conditions and by what mechanisms Pd surface
enrichment takes place. Thus, the reproducibility and validity of this mechanism under varied conditions is
uncertain.

3-31

4 ZIRCONIUM ALLOYS
The cladding of nuclear fuel for power generating reactors is made of two Zr alloys, Zircaloy-2 and
Zircaloy 4, used in BWRs and PWRs, respectively. The chemical compositions of these Zr alloys are given
in table 4- 1. They are used instead of the austenitic SSs utilized in the first generation of commercial reactors
because Zr has a very low absorption cross section for thermal neutrons. Another reason, although less
known, is that SSs were found to be susceptible to irradiation-assisted SCC in the core environment of
light-water reactors (LWRs), particularly in BWRs.
NG Zr differs from commercial grades used in the chemical industry and other applications in that Hf, which
is present in zircon ores together with Zr as a result of their chemical similarity, is removed because it has
a large neutron cross section. In addition, both Zircaloys have adequate mechanical properties up to 400 'C
and very good corrosion resistance in high-temperature, high-pressure water under operating reactor
conditions. Fabrication of very long (approximately 3.8-4.0 m in length), thin (0.6-0.9 mm in wall thickness),
tubing (about 10-14 mm in outside diameter) as cladding for the UO2 pellets is facilitated by the good
mechanical properties of Zr alloys.
Although Zr is a very reactive metal with a standard electrode potential of- 1.539 VSHE at 25 'C for the
oxidation to Zr4 cations, the exceptional corrosion resistance of Zr and its alloys in aqueous solutions over
a wide range of pHs and temperatures is due to the formation of an extremely adherent, protective, and
thermodynamically stable ZrO2 film. The range ofthermodynamic stability ofthe oxide film, which is formed
spontaneously in air or H 2 0 at room temperature, is illustrated in the potential-pH diagram shown in
figure 4-1 (Pourbaix, 1974). The main drawback of Zr alloys, however, is the absorption of hydrogen, a
process associated with aqueous corrosion, according to the following overall reaction
(1 - x)H2
Zr + HO - ZrO2 + 2 Had,

(4-1)

N' 2x H.b

-.

x ZrH2

which leads to the precipitation of platelets of brittle Zr hydrides along preferential crystallographic planes
in the metal. The fraction of atomic hydrogen absorbed or hydrogen pickup, given by x, depends on the stage
in the kinetics of the corrosion reaction in high temperature, high-pressure aqueous solutions and the
hydrogen dissolved in the water or produced by its radiolysis. Under certain conditions of stress,
embrittlement of Zr alloys is promoted depending on hydride orientation and distribution, as discussed in
section 4.5.
Zr is a hcp metal at normal temperatures. Although both Zircaloys are single phase,a- or hcp Zr-Sn alloys,
they contain intermetallic precipitates formed by the minor alloying elements listed in table 4-1. The
composition, size, and distribution of these precipitates inside the equiaxed grains (5-10 gim in diameter)
typical ofthe annealed material, are important factors in determining the corrosion and hydrogen pickup rates
in high temperature water (Garzarolli et al., 1996). The predominant intermetallics in Zircaloy-2 are
Zr(FexCry)2 and Zr 2FexNiy, with x + y = 1 (Cox, 1976; Kai et al., 1992). For Zircaloy-4, the existence of
ZrxFe 5 Cr2 has been reported (Van der Sande and Bement, 1974), although other authors have mentioned
Zr(FexCry)2 as the predominant intermetallic (Adamson et al., 1992). Ni was eliminated as an alloying element
in Zircaloy-4 to reduce the hydrogen pickup in high-temperature water. Indeed, Zircaloy-4 is used in PWR
4-1

Table 4-1. Chemical composition of Zircaloy-2 and Zircaloy-4 in weight percent (typical composition
and range of acceptable variation in parentheses)

|

Sn

Fe

Cr

Ni

Zircaloy-2

1.5
(1.2-1.7)

0.12
(0.07-0.20)

0.10
(0.05-0.15)

0.05
(0.03-0.08)

1,400 max

Zircaloy-4

1.5
(1.2-1.7)

0.20
(0.18-0.24)

0.10
(0.07-0.13)

0.007 max

1,400 max

Alloy

I

O(ppm)

|

as fuel cladding material instead of Zircaloy-2 due to the more reducing conditions prevailing in the core of
this type of LWR as a result of hydrogen overpressure, conditions that suppress water radiolysis but tend to
promote hydrogen entry. With neutron exposure under PWR and BWR conditions, the precipitates gradually
become amorphous and lose most of the iron (Adamson et al., 1992; Kai et al., 1992). The size and
distribution of the intermetallic precipitates are important because they become easy paths for electronic
conduction when dispersed and embedded in the insulating, growing oxide film (Cox, 1976; Garzarolli et al.,
1996).
Under disposal conditions, SNF cladding can act as a barrier to the release of radionuclides and,
therefore, the DOE has included the consideration of cladding as an additional metallic barrier in the
TSPA-VA (U.S. Department of Energy, 1998c). However, several potential degradation processes ofZircaloy
can impair the beneficial action of SNF cladding in controlling radionuclide release in a HLW repository.
These processes include general and localized (pitting and crevice) corrosion, SCC, creep, delayed hydride
cracking, HE, mechanical failure owing to rockfall, fuel and cladding oxidation, and pellet/cladding
interaction (PCI) failure. Even though cladding interaction with the internal environment contacting the
irradiated U0 2 pellets may occur in several forms, only PCI failure resulting from SCC is considered here.
Some of these potential failure processes have been reviewed and discussed for the specific case of the
proposed YM repository by Rothman (1984) and included in the Technical Basis Document for TSPA-VA
(TRW Environmental Safety Systems, Inc., 1998b). This information, as well as that available in the open
literature, is critically examined in the following sections.

4.1

GENERAL CORROSION

Corrosion of Zr and its alloys, in particular Zircaloy-2 and Zircaloy-4, has been extensively studied
in water at temperatures up to 300 'C, and a large database exists as a result of the broad experience with
LWRs. The subject has been reviewed by Cox (1976, 1988) and by Franklin and Lang (1991). The review
by Cox deals with fundamental aspects of the high-temperature aqueous corrosion of Zr and its alloys
whereas the other two reviews, in addition to certain mechanistic aspects, examine the behavior in-reactor
of the most widely used alloys.
The growth of the uniform, adherent oxide film according to the reaction described by Eq. (4- 1) is
followed through the measurement of the weight gain (usually in units of mg/dM2 ) or the increase of oxide
thickness as a function of time. In the laboratory, coupon specimens are periodically removed from an
autoclave system to measure the weight gain. The oxide thickness is measured directly by in-pool
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Figure 4-1. Potential-pH diagram for Zr in H 2 0 at 25 'C (Pourbaix, 1974)
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examination of irradiated fuel using an eddy current distance probe or other specific devices. It should be
noted that 15 mg/dm 2 of weight gain correspond approximately to 1 pm of oxide and 0.66 jim of metal
consumed by the corrosion reaction. The oxide growth takes place following a rate law that initially is close
to cubic. After a transitory period of cyclic oxidation comprised of a series of successive, short cubic law
curves, a transition to an approximately linear posttransition occurs (Cox, 1988; Hillner et al., 1998). The
oxide film exhibits interference colors initially, becomes black after 10 to 20 days at about 350'C, and
finally appears tan, white, or gray beyond the transition. Changes in the kinetics law are ascribed to the
development of cracks and pores in the oxide.
The growth of the oxide film of Zircaloy-4 in PWRs for burn-ups up to 50 GWd/TU leads to average
oxide thicknesses of up to 60 gim, well in the post-transition region (Cox, 1988; Adamson et al., 1992) since
the transition occurs at around 20 jm. However, no spalling or other damage ofthe uniform, thick oxide films
have been generally observed in PWR fuel cladding. Nevertheless, failures are possible at higher bum-ups
and operating temperatures close to 350 'C. Under such conditions, oxide thicknesses greater thanl30 jum
and hydrogen concentrations of 600 ppm have been measured in some fuel rods (Cox, 1988). This situation
may occur when relatively high concentrations ofLiOH are attained on the fuel cladding surface, presumably
in the pores of thick oxide films, although many other factors have been considered by Cox (1988) to explain
the accelerated corrosion rate. LiOH is added in the PWR coolant for pH control in conjunction with H13B0 3
which is used for reactivity control.
Nodular corrosion of Zircaloy-2 has been a problem in BWR operation but it was eliminated several
years ago by using P-quenched cladding (Cox, 1988). Fuel rods affected by nodular corrosion exhibit oxide
thickness in the white nodules of about 120 gm. Many cases of crud induced localized corrosion (CILC) have
been observed in BWRs mainly due to lack of control ofthe water quality. This phenomenon is characterized
by locally enhanced corrosion resulting from copper-enriched crud deposition in the presence of Cu ions,
mainly generated by the corrosion of brass condensers, coupled to subsequent localized overheating due to
poor heat transfer conditions. After the irradiation cycle in the reactor core, fuel cladding is covered with a
relatively adherent crud, formed by deposition of corrosion products transported by the coolant from out-ofcore components, that reaches a steady-state thickness. The crud is either a ferrite Fe,Me(II)Fe(III)0 4 (spinel
structure) in PWR fuel or a double layer composed of ferrite overlaid witha-Fe 2O3 (corundum structure) in
BWR fuel (Cohen, 1980; Macdonald and Cragnolino, 1989). The amount and composition of deposited crud
depends on circuit materials, coolant chemistry, and water cleanup methods. The symbol Me (II) in the ferrite
indicates the incorporation to the lattice of bivalent cations (i.e., Ni, Co, and Cu) generated by the corrosion
of circuit materials. This brief summary illustrates the condition of the oxidized, irradiated SNF cladding that
will be disposed in the repository.
Rothman (1984) has conducted a series of calculations to estimate the weight gain and thickness qf
the oxide film after exposure to water, taking into consideration the evolution ofthe fuel cladding temperature
with time after emplacement under the conditions expected in the repository. In these calculations, only
growth of the oxide film in the post-transition regime, according to a linear law, is considered by
extrapolating the data available in the range of 250 to 360 'C to low temperatures. In addition, it is assumed
that the oxidation behavior of both Zircaloys is similar under the environmental conditions considered in the
analysis. Assuming that the container is breached in 1,000 yr, the time at which the fuel rod temperature is
estimated to be 105 'C, Rothman calculated that the depth of Zircaloy oxidized would be only 0.006 jim. If
the container is breached in 300 yr and the temperature is 143 'C, the depth would be 0.03 jim. Even this
value is too low to affect the integrity of the cladding. Adopting the conservative assumption that the
temperature remains constant at 180 'C for 10,000 yr after breaching of the container in 1,000 yr,
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calculations using equations and parameters proposed by different investigators led to a maximum depth of
53 gm for the oxide growth under disposal conditions. The total oxide thickness including the in-reactor
growth, would be approximately 120 gm, which is less than 20 percent of the original wall thickness.
A more detailed analysis was conducted by Hillner et al. (1998) using data from long-term (up to
29 yr) tests. The post transition linear law is described as
(4-2)

AW=Kt+C

where AW is the specimen weight gain in mg/dM2 , t is the exposure time in days, K is the linear rate constant
in mg/m 2/day, and C is a constant in mg/dm 2 . The dependence of K with temperature is given by
K = B exp[-Q/RTJ

(4-3)

where B is the pre-exponential constant in mg/dm2 /day, Q is the activation energy in cal/mol, R is the gas
constant in cal/mol/'K, and T is the absolute temperature. Using values determined by different authors for
the various parameters in Eqs. (4-2) and (4-3) and data obtained by Hillner et al. (1998) in their own tests
using two different expressions, the maximum thickness after 10,000 yr at 180 "C was estimated to be 89 gim,
as shown in table 4-2. However, when the thickness is calculated by taking into consideration the expected
decrease in fuel cladding temperature with time, Hillner et al. (1998) concluded that the maximum oxide
thickness will be about 8 gm after 1,000,000 yr of exposure. As noted before, these values of oxide thickness,
as those listed in table 4-2, do not include the in-reactor oxide growth. Several arguments are offered
regarding the validity of these extrapolations. However, the main limitation in the analysis is the lack of
Table 4-2. Comparison of predictions from models of different investigators for the general corrosion
of Zircaloy after 10,000 yr at 180 "C (Hillner et al., 1998)

B

QIR

K

AW

Oxide Thickness]

(mg/dm 2 /day)

("K)

(mg/dm 2/day)

(mg/dM2 )

Hillner (1977)

1.12e8

12,529

1.10e-4

402

27.9

van der Linde (1965)

2.309

14,451

3.25e-5

119

7.6

Dyce (1964)

6.53e9

15,109

2.16e-5

79

5.0

Daalgard (1976)

1.84e7

11,222

3.23e-4

1,181

78.7

Billot et al. (1989)

1.13e8

12,567

4.95e-5

181

12.7

Garzarolli et al. (1982)

1.18e9

13,815

1.02e-4

374

25.4

Stehle et al. (1975)

2.21e9

14,242

6.80e-5

248

17.8

Peters (1984)

8.12e8

13,512

9.12e-5

333

22.9

Hillner et al. (1998)

2.46e8

12,877

112e-5

410

27.9

Hillner et al. (1998)

3.47e7

11,452

3.67e-4

1,341

88.9

Investigator
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consideration of changes in the environmental conditions inside the WPs, away from the postulated chemistry
based in the composition of J- 13 well water, that may lead to oxide film breakdown and the initiation of
localized corrosion during long exposures under disposal conditions.

4.2

LOCALIZED CORROSION

As reviewed by Yau and Webster (1987), Zr is very resistant to corrosion in most inorganic and
organic acids, alkalis, and saline solutions over wide ranges of concentrations and temperatures. The
thickness of the ZrO2 passive film increases linearly with increasing potentials reaching values close to
2
0.5 gim in the presence of many anionic species such as SO4 2-, NO3, PO4 3-, and CO3 -, among others, even
under very acidic conditions (Young, 1961). The thickness increase with applied potential is approximately
equal to 2.5 nm/V. A similar behavior is observed in concentrated KOH solutions. No passivity breakdown
is observed in these electrolytic solutions and relatively high overpotentials are required to detect the onset
ofthe oxygen evolution reaction because the oxide is a very poor electronic conductor. The range of passivity
in aqueous solutions is also extended to pH values lower and higher than those predicted through the
potential-pH diagram on the basis of thermodynamic data for ZrO 2 2 H2 0 (Pourbaix, 1974), undoubtedly
reflecting the significant stability and low solubility of the passive surface film.
Halides are the most detrimental species affecting the stability of the passive film. The oxide film
is dissolved in the presence of F- with the formation of ZrF 6 2 - complexes, particularly in acidic solutions
(Meyer, 1964). All the other halidespromote the localized breakdown of the passive film leading to pitting
corrosion above a critical potential which increases in the sequence Cl-< Br-< I-, as discussed in the review
by Knittel and Bronson (1984). Pitting is promoted at even higher potentials by C10 4 -anions (Gilman and
Kolotyrkin, 1966; Gohr and Kalsch, 1969). Even though all these anions may promote pitting corrosion and
eventually crevice corrosion of Zr alloys, only F- and Cl- are present in the groundwaters at the vicinity of
YM.
Although Yau and Webster (1987) noted that Zr is highly resistant to corrosion in most saline
solutions even at temperatures close to the boiling point, they also reported that the behavior in both FeCI3
and CuCI2 solutions is an exception. A review of results presented in the literature provides an explanation
for such behavior in the presence of oxidizing cations. Most of the data reported are for CP Zr, but it is
summarized here for comparison with the more limited data available for Zircaloy-2 and Zircaloy-4.
Practically no differences exist in the localized corrosion of these two alloys. Nevertheless, they will be
treated separately in the discussion of various publications.
Many authors have studied the anodic behavior of Zr in Cl- solutions using a variety of
electrochemical methods to determine critical potentials related to the occurrence of pitting corrosion. The
critical potential for the initiation of pitting corrosion, as measured by using potentiodynamic polarization
curves, exhibits a significant variability (hundreds of milivolts) from test to test (Mankowski et al., 1984),
undoubtedly related to the stochastic nature of pit initiation (Mankowski et al., 1983). In addition, variability
is extremely dependent on surface preparation conditions and potential scan rate, as can be assessed by
comparing results of different authors (Abd Rabboh and Boden, 1974; Knittel et al., 1982). However, the
critical potential measured by using either galvanostatic methods or potentiostatic techniques combined with
mechanical disruption of the passive film by straining or scratching is very reproducible and coincides with
the repassivation potentialmeasured by slow, backward potential stepping or scanning once pitting corrosion
was initiated at higher applied potentials. The results obtained by different authors using these
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electrochemical methods are summarized in table 4-3. Maguire (1984) and Knittel and Bronson (1984)
concluded that the pitting nucleation potential, Ep determined by using potentiostatic or galvanostatic
techniques is lower than the value measured potentiodynamically and equal to the repassivation potential,
Erp, an observation confirmed by the data listed in table 4-3. This conclusion is also confirmed by the results
obtained by Jangg et al. (1978) in HCI solutions. Values of EMmeasured by backstepping the potential once
pitting has initiated are compared in table 4-4 with those obtained from CPP curves and with Ep measured
potentiostatically. In addition, Maguire (1984) emphasized that the EMfor Zr in Cl- solutions is independent
of the surface preparation conditions and the measuring technique.
The data in tables 4-3 and 4-4 show that pitting of Zr occurs in both neutral and acidic Cl- solutions
with pH values ranging from 0 to 7. The value of ET depends linearly on the logarithm of the Clconcentration similarly to the well established expression for the pitting initiation potential found for other
metals and alloys (Szklarska-Smialowska, 1986), as follows
Erp = EOrp -B log [CI-]

(4-4)

where E' Mis the repassivation potential for a Cl- concentration equal to I M. The slope B is approximately
equal to 0.060 V/decade, which is the value for 2.303RT/F at 25 'C. This expression for B was derived by
Galvele (1976) in his pitting corrosion model. Knittel and Bronson (1984), however, reported for B a value
of 0.088 V/decade by determining the slope using a least square fit of the values measured by many authors.
Maguire (1984) obtained a value of B equal to 0.080 mV/decade and found for Er Ma difference of
approximately 40 mV between pH 0 and 5. According to the data shown in table 4-3, the value of E' M
appears to be independent of pH within the range 0 < pH < 7 and approximately equal to 0.38 VSHE However,
Knittel and Bronson (1984), on the basis of data by Knittel et al. (1982) listed in table 4-3, claim that the
lower Erp in HCI solution can be attributed to the greater activity of Cl] in this solution compared to the
neutral ones. Although it is not directly available in the references listed in table 4-3, it appears from the data
that pitting of Zr at room temperature occurs at Cl- concentrations equal to or higher than 0.001 M.
The effect of other anions on pitting corrosion in Cl- solutions, and on the repassivation potential in
particular, is not very well established. Abd Rabboh and Boden (1974) measured a pitting potential 100 mV
higher than the values reported in table 4-3 in IM NaCI solution at a pH of 10 that can be interpreted as a
result of the inhibition of pitting by OH- anions. However, the 104 times lower OH-concentration with
respect to that of Cl- ions suggests that the higher value of the pitting potential could be attributed instead to
the fast potential scan rate of 100 mV/min used in the measurements. Confirming this interpretation, Maguire
(1984) reported that in 2M CY solutions in which the pH was adjusted to 0, 1.2, 5, 6.5, 10, and 13 by the
addition of HC1 or NaOH, E Mwas equal to 0.37 ± 0.01 VSHE over that wide range of pH values. These results
suggest that if Erp in fact, could increase by the action of OH- anions, such inhibition would occur at a
concentration ratio with respect to Cl- higher than 1.
It has been reported that certain oxyanions, such as NO3-, S0 42-, C104- among others, when added
to Cl- solutions can increase significantly the value of the Ep or Ep (Knittel and Bronson, 1984) acting as
pitting inhibitors. Maraghini et al. (1954) noted that when NO3 is added to 0.1, 0.01, and 0.004 M Clsolutions, and reached a concentration ratio of 5 with respect to Cl-, the potential increased to approximately
1.7 VSHE and pitting is inhibited while oxygen evolution occurred. The same effect was produced by the
addition of S042- but concentration ratios higher than 30 were required to increase Erp sufficiently. Gilman
and Kolotyrkin (1961) reported that C0 32 - and SO 42'can delay the initiation of pitting corrosion in
galvanostatic experiments conducted in Cl- solutions but even at the highest concentration ratio tested, equal
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Table 4-3. Repassivation potentials for Zr in Cl solutions measured at 25-30 °C using various
electrochemical techniques
[Chloride

Source

Concentration

(M)

HCI + KCI
1.0
KCI

E

P1

Ecrit

(VSHE)

Method

Reference

0, 1, 2,
and 3

0.38

Potentiostatic

Kolotyrkin (1961,1962)

6

0.38-0.39

Galvanostatic

Maraghini et al. (1954)

1.0
KCI

1.0

7

0.38-0.39

Potentiostatic

Knittel et al. (1982)

KCI

1.0

7

0.38-0.39

Scratching

Knittel et al. (1982)

7

0.38

Potential
Backstepping

Knittel et al. (1982)

7

0.37-0.38

Straining

Cragnolino and Galvele
(1978)

7

0.39

Potential
Backstepping

Knittel et al. (1982)

0

0.34

Potential
Backscanning

Maguire (1984)

5

0.38-0.39

Potential
Backscanning

Maguire (1984)

0.3

0.37

Potential
Backscanning

Maguire (1984)

6

0.39

Galvanostatic

Hackerman and Cecil
(1954)

6

0.40

Galvanostatic

Hackerman and Cecil
(1954)

6

0.42

Galvanostatic

Hackerman and Cecil
(1954)

KCI
1.0
NaCI
1.0
NaCI
1.0
HCI
1.0
KCI
1.0
HCI + KCI
1.0
NaCI
0.7
NaCI
0.5
NaCI
0.2
HCI + KCI

0.1

3

0.46

Potentiostatic

Kolotyrkin (1961,1962)

KCI

0.1

6

0.46

Galvanostatic

Maraghini et al. (1954)

HCI + KCI

0.01

3

0.52

Potentiostatic

Kolotyrkin (1961,1962)

KCI

0.01

6

0.52

Galvanostatic

Maraghini et al. (1954)

HCI + KCI

0.001

3

0.58

Potentiostatic

Kolotyrkin (1961,1962)

0

0.35

Potential
Backstepping

Knittel et al. (1982)

HCI
1.0
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Table 4-4. Corrosion potentials and pitting and repassivation potentials for Zr in HCI solutions of
various concentrations at 20 'C (Jangg et al., 1978)
[Concentration

I.

|

Ecorr

J

Potentiostatic

|Potentiodynamic

Backstepping

(VSHE)

Ep (VSHE)

Erp (VSHE)

0.0025

0.06

0.63

0.62

0..62-0.63

0.005

0.07

0.59

0.58

0.58-0.59

0.01

0.09

0.53

0.52

0.52-0.53

0.025

0.09

0.51

0.50

0.50-0.51

0.05

0.11

0.49

0.48

0.48-0.49

0.1

0.12

0.46

0.45

0.45-0.46

0.5

0.14

0.38

0.37

0.37-0.38

1.0

0.19

0.35

0.34

0.34-0.35

2.0

0.20

0.33

0.32

0.33

____(M)

Erp

(VSHE)

to 3, pits were initiated in both cases. However, pit initiation occurred at longer times in S042- containing
solutions indicating that this anion is a better inhibitor of pitting corrosion than C03 2 .
As in pure Zr, pitting corrosion of Zircaloy-4 also occurs in neutral Cl solutions above a critical
potential that is dependent on Cl- concentration (Cragnolino and Galvele, 1978). Although less investigated
than in the case of Zr, this critical potential seems to be the same for pit nucleation and repassivation when
measured under potentiostatic conditions. Similarly to Zr, the dependence of l4on Cl- concentration is given
by Eq. (4-4). However, E' rp for Zircaloy-4 is approximately 40 mV lower than that of pure Zr. The lower
value can be attributed to the presence of Sn as an alloying element, as shown in figure 4-2. In this figure,
Erp values for Zr as given in table 4-3 are plotted as a function of Cl- concentration together with values for
Zircaloy-4 (Cragnolino and Galvele, 1978) and some Zr-Sn alloys (Maraghini et al., 1954). The figure also
includes values of ET reported by Cox (1973) for low-Ni Zircaloy-2 in which the Sn content is identical to
that of Zircaloy-4. The values of pitting or repassivation potential for Zr-Sn alloys, including Zircaloy, in
neutral ClY (NaCl or KCI) solutions as reported by various authors are listed in table 4-5.
Cragnolino (1975) measured Ep galvanostatically in I M NaCl solution using different specimens
of Zircaloy-4 electrolytically charged with hydrogen up to 250 to 350 ppm. Hydrides were present either as
a surface layer of about 8 gim thickness or precipitated along grain boundaries after thermal diffusion
prompted by a subsequent treatment in vacuum at 400 °C for 4 hr. The same Emp value was measured in these
specimens as that listed in table 4-5, indicating that hydrides precipitated as a surface layer or distributed
inside the metal do not affect Emr.
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Figure 4-2. Pitting or repassivation potential measured by different authors for Zr, Zr-Sn alloys, and
Zircaloy as a function of Cl- concentration at -25 °C (Cragnolino and Galvele, 1978)

Table 4-5. Repassivation potentials (in VSHE) for Zr-Sn alloys in Cl- solutions at about 25 °C

Alloy

M Cl- |0.1 MCI-

|

10.01 MCI-

[0.001 MCI-

|

Reference

Zr-1.lSn

0.34

0.41

0.45

-

Maraghini et al. (1954)

Zr-2.2Sn

0.30

0.36

0.42

-

Maraghini et al. (1954)

Zr-2.5Sn

0.28

0.36

0.41

-

Maraghini et al. (1954)

Zr-3.2Sn

0.25

0.32

0.38

-

Maraghini et al. (1954)

Ni-free

0.34*

0.41*

0.46*

0.34

0.41

0.46

.33

-

0.53*

Cox (1973)

Zircaloy-2

Zircaloy-4
Zircaloy-4

|

-

Cragnolino and Galvele (1978)
Roques et al. (1984)

-

Multiply the Cl- concentration at the top by 0.85 to obtain the exact concentration used by Cox (1973)
t I M HCI solution
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The similarity between the pitting behavior of pure Zr and Zircaloy suggests that results of localized
corrosion studies conducted on Zr can be extended to the alloy. In particular, the influence of oxidizing
species that may induce pitting corrosion in Cl- solutions under open circuit conditions is expected to be
similar. In air saturated Cl- solutions at room temperature, the E. of Zr and its alloys exhibits significant
variability, mainly influenced by surface preparation conditions. After a few hours of exposure, potential
values as low as - 0.5 VsHE have been reported for chemically polished specimens of Zircaloy-4 (Cragnolino,
1975). However, Cox (1973) has observed that, with increasing immersion time, the potential evolved from
values within that range to approximately 0.24 VsHE. On the other hand, Knittel et al. (1982) reported Eco,
values of - 0.15 and 0.03 VsHE for two chemically polished Zr specimens exposed for 340 hr to 1 M NaCI
solution. These values were found to be at the most 200 mV higher than the initially measured potentials.
From these results, it can be inferred that pitting corrosion ofZircaloy may not be possible under open circuit
conditions in air saturated solutions in the absence of other highly oxidizing species because Ec.rr lies below
Erp. However, a vacuum annealed and furnace cooled specimen (undoubtedly covered by a ZrO 2 film of
unknown thickness) exhibits an Eor equal to 0.34 VSHE just after immersion in I M KCI solution
(Knittel et al., 1982). Unfortunately, no data were found in the literature for E,. in the presence of H 20 2
which is the stable species produced by radiolysis of water in neutral aqueous solutions.
As noted above, Yau and Webster ( 1987) reported that Zr is susceptible to pitting in FeC13 and CUCI2
solutions. Maguire (1984) has studied the effect of Fe3" concentration on E.ot, and Ep for Zr in HCI solutions.
His results are shown in table 4-6. Similar results were previously reported by Jangg et al. (1978) in more
diluted HCI solutions, except in specific crevice locations in which hydrolysis of highly charged cations
(i.e., Cr3 +, Fe3", etc.) may generate acidic conditions.
Fe3" ions to Cl- solutions promote pitting when E..,, is equal to or higher than E,, as observed by
Maguire (1984) for aFe3 " concentration of 17.9 mM in both 0.05 and 1M Cl- solutions at 30 and 100 'C and
for both 3.6 and 17.9 mM Fe 3+ in 6 M Cl- solution (table 4-6). In the 12 M HCI solution, the attack was found
to be far less localized due to the generalized activation of the surface, as indicated by the low value of Ec.,
(approximately -0.40 VSHE) measured in the absence of Fe3 + ions. Maguire also noted that only in this
concentrated solution, the value of Ep was affected by the presence of Fe3" ions. However, this is clearly
related to the fact that the attack is rather generalized and not completely localized as in the less concentrated
solutions because the passive film is not so stable, a circumstance similar to that observed in the presence of
F- anions at lower concentrations. Nevertheless, under the environmental conditions expected inside WPs,
it is not plausible to assume the formation of such acidic, concentrated (- 12 M) Cl- solutions.
At Cl- concentrations up to 6 M, both Zr and Zircaloy will form stable passive films and the presence
of Fe3+ ions or other oxidizing species in sufficiently high concentration may lead to the initiation of pitting
corrosion in a relatively short time if ECO.f attains values equal to or higher than E p. Maguire (1984) reported
that the redox potential of Fe3" on Pt exposed to 6 M HCI at 100 °C was equal to 0.76 VSHE and, therefore,
its effect in promoting pitting of Zr can be expected even at low concentrations. Unfortunately, the Fe3"
concentration was not reported, although Maguire claimed that the deleterious effect of Fe 3 +can be avoided
if the pH increases above 3 because Fe2" ions become thermodynamically stable instead of the trivalent
cations, according to the potential-pH diagram for Fe in water (Pourbaix, 1974).
Maguire (1984) has also studied the effect of temperature on E,, and EP in I M KCl and 1 to 12 M
HCI solutions. The values of Erjp in both 1 M Cl- solutions are listed in table 4-7. It is surprising to note in this
table that, contrary to the case of many metals and alloys (Cragnolino, 1990; Szklarska-Smialowka, 1986),
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Table 4-6. Effect of ferric ion on corrosion potential and repassivation potential of Zr in HCI solutions
(Maguire, 1984)
HCI (M)

AFei3 (ppm)

Fe 3 (mM)

Temperature (0 C)

Err(VsIE)

Erp(VSHE)

0

100

0.11

0.45

0.05

0

0.05

200

3.6

100

0.31

0.44

0.05

1,000

17.9

100

0.44

0.44

0

30

0.19

0.34

1

0

1

200

3.6

30

0.29

0.34

1

1,000

17.9

30

0.36

0.34

6

0

0

100

-0.10

0.23

6

200

3.6

100

0.22

0.21

6

1,000

17.9

100

0.24

0.23

12

0

0

30

-0.42

0.06

12

500

9.0

30

0.07

0.07

12

0

0

50

-0.40

0.02

12

500

9.0

50

0.52

0.05

Zr does not exhibit a decrease in the repassivation potential with increasing temperature. As shown in
table 4-7, Ep is practically independent of temperature in the range of room temperature to 95 0C. However,
as noted above, Maguire (1984) measured values of E p approximately 40 to 50 mV lower in I M HCI with
respect to those in 1 M KCI solution over that range of temperatures, suggesting a dependence of E pon pH.
It should be noted that Maguire (1984) did not observe this dependence in 2 M Cl- solutions in agreement
with the results of other authors (Gilman and Kolotyrkin, 1961). After 24 hr of exposure to the solutions at
25 'C, Maguire (1984) found that E.,, was equal to -0.10 VSHE in 1 M KCI but increased to .19 VSHE in I M
HCL. The difference could be attributed to the effect of pH on the kinetics of the cathodic reaction, assuming
that the passive current density is independent of pH.
Although several studies have been conducted to evaluate and interpret the pit nucleation or induction
time using deterministic and statistical approaches (Gilman and Kolotyrkin,1961; Roques et al, 1986;
Mankowski et al., 1983), practically no studies were found where the pit propagation rates of Zr and its alloys
were measured. The exception is work reported by Roques et al. (1984) in which the well established
relationship for the kinetics of pit growth (Szklarska-Smialowska, 1986) between current (I) and time (t)
given by Eq. (4-5) was observed
I

=

K tb
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U

Table 4-7. Effect of temperature on repassivation potential (in VSHE) of Zr in Cl- solutions (Maguire,
1984)
Temperature ( 0 C)

20

25

40

60

70

95

1 M KCI

0.38

0.39

0.38

0.37

0.37

0.37

Temperature ( 0 C)

25

30

65

70

80

95

1 M HCI

0.35

0.34

0.33

0.32

0.33

0.33

where K and b are constants and the value of b was found to be equal to 1.5. A value of 2 is usually observed
in other metals and alloys (Szklarska-Smialowska, 1986) when the pits are hemispherical in shape and the
number of pits and the current density inside the pits are both constant. It is well established, however, that
pitting of Zircaloy occurs with a morphology characterized by the dissolution of the metal underneath the
passive film (Cox, 1973). The oxide film is left almost intact with the exception of small open areas that
connect the bulk environment with the solution inside pits and the attack under the oxide tends to spread
laterally rather than forming deep pits (Cox, 1973; Cragnolino, 1975). Similar observations were reported
by Knittel et al. (1982) in the case of pure Zr. However, thermal treatments of the metal or alloy prior to the
immersion in the aqueous solutions may alter the pit morphology.
In pitting of several metals, such as Fe, Al, and Ti, generation of H2 gas has been observed to
occur in pits as a result of the reduction of H' ions in the local, acidified pit environment (SzklarskaSmialowska, 1986). Cragnolino (1975) did not detect the generation of H2 in prolonged galvanostatic pitting
experiments using Zircaloy-4 at least up to I percent of coulombic efficiency, presumably due to the
formation of ZrH. crystallites at the pit bottom. However, H2 generation in the pitting of Zr and Zircaloy-2
in alkaline Cl- solutions was reported by Postlethwaite and Onofrei (1979). These authors reported that pitting
of Zircaloy-2 occurs at a potential of 0.42 VSHE in a 3 M NaCI solution containing 0.1 M NaOH with a pH
of approximately 13. In addition to the formation of a gel of Zr(OH)4 as the main corrosion product inside
pits, there was some anodic disintegration with the formation of a metal powder (a-Zr) and the subsequent
generation of H2 gas by reaction of the bare metal with water, as described by Eq. (4- 1). These authors found
in galvanostatic experiments that the coulombic efficiency for the production of the Zr powder was about
15 percent but that of the H2 generation was less than 2 percent.
Yau and Webster (1987) reported that Zr is not susceptible to crevice corrosion in Cl- solutions, even
at low pHs. More detailed information is provide by Yau (1983) showing that both CP Zr and Zr- 1.5Sn were
resistant to crevice corrosion after 14 days exposure to boiling (107 °C), saturated NaCl solution with the pH
adjusted to 0 by the addition of HCI. Unfortunately, Eon was not measured in these tests in which no pitting
corrosion was observed.
Zr is not susceptible to galvanic corrosion because the very protective ZrO2 passive film leads to Eon
values in the galvanic series in flowing seawater close to those of noble metals and graphite but slightly lower
than that ofAg (Yau and Webster, 1987). However, local corrosion promoted by galvanic coupling to a more
noble metal may occur if the film is mechanically disrupted. Nevertheless, the repassivation rate of Zr and
its alloys is sufficiently fast in many aqueous solutions that unless fretting is continuously occurring no
substantial corrosion can be expected.
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In summary, localized corrosion of Zircaloy-2 or Zircaloy-4 fuel cladding in the form of pitting may
occur in an oxidizing environment (as that presumably present inside the WPs), depending on Cl
concentration and temperature, if ECO0 is higher than the El, which is linearly dependent on the logarithm of
the Cl- concentration as given by Eq. (4-4). The values of Erp seem to be practically independent of pH and
temperature, whereas EO, depends on the presence of oxidizing species (i.e., H202), temperature, and pH,
and to a lesser extent on Cl- concentration. It can be expected that soluble corrosion products of Fe, arising
from the dissolution of steel baskets holding the fuel assemblies inside the WPs, may affect the E,., of
Zircaloy. Although it has been claimed that Fe3 +ionswill not be stable in solution at pHs above 3, the effect
of solid corrosion products of Fe, such as Fe3 04 or FeO(OH), should be examined, particularly in the case
of Fe3 04 because this oxide is a very good electronic conductor and may increase Eco" of Zircaloy.
Rothman (1984) dismissed the possibility of localized corrosion of fuel cladding on the basis of the
low Cl- concentration found in groundwaters in the vicinity of the proposed repository. His argument is also
based on the results of investigations reporting the lack of localized corrosion in more concentrated halide
solutions. Rothman (1984), however, does not consider the possibility of oxidizing conditions inside the WPs
promoted by y- and/or a-radiolysis of water or the presence of reducible oxyanions or cations formed by
corrosion of structural components inside WPs. Hillner et al. (1998), instead, considered that Fe3 4 cations will
not be stable to promote pitting in the presence of Cl-anions. A different approach for the consideration of
the deleterious effect of F- is offered by Rothman (1984). In this case, even similar arguments to those for
Cl- are used in terms of available anionic concentration Rothman (1984) suggested that additional
experimental work is needed to evaluate any possible detrimental effect of F anions. On the other hand,
Hillner et al. (1998) considered that at least 100 ppm F- must be present to impair the excellent corrosion
resistance of Zircaloy. On the basis of the concentration reported for J- 13 well water, Hillner et al. (1998)
believe that Zircaloy will not be affected by F- anions under disposal conditions.
It seems from results reported in the literature that pits can be rapidly initiated ifthe electrochemical
conditions discussed above are fulfilled, but there are no data available to evaluate the penetration rate. As
demonstrated by Yau and Maguire (1984), Zr did not experience pitting in Cl solutions even in the presence
of high concentrations of Fe3" ions when the potential was maintained below Erp (i.e., using a potentiostat)
in tests conducted for more than 10 days. At potentials lower than E p the corrosion rate of Zircaloy, as
calculated from measured current densities of about 1 x Io-8 A/cm 2 , is very low (less than 0.1 jIm/yr) as a
result of the protective characteristics of the ZrO 2 passive film. However, these rates are several orders of
magnitude higher than those extrapolated from high-temperature water exposures, as presented in section 4.2.
Contrary to the estimations of Hillner et al. (1998), if rates calculated from passive current density
measurements are valid, cladding can operate as a long lasting metallic barrier to the release of radionuclides
in the absence of localized corrosion for about 10,000 yr.

4.3

STRESS CORROSION CRACKING

Cox (1975, 1990a), Speidel (1976), and Yau (1992) have reviewed in great detail most of the
reported work on the susceptibility of Zr alloys to SCC in a variety of environments that included, among
others, hot and fused halides and halides in aqueous and methanolic solutions. Cox (1990a) noted that
intergranular corrosion of CP Zr in the absence of external applied stresses was observed in HCI solutions
at temperatures ranging from 100 to 250 °C in the early 1960s. Also, at about the same time, intergranular
SCC of Zr and Zircaloy-4 in relatively concentrated Fe 3 Cl aqueous solutions was reported. Since then, as
discussed in those reviews, many observations have confirmed the occurrence of SCC in Zr and its alloys
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in aqueous halide solutions. The environments of interest for repository conditions are those that contain Clanions.
Several authors have shown that Zircaloy is susceptible to SCC in the presence of tensile stresses
lowerthan the YS in Cl-solutions under the same environmental and electrochemical conditions that promote
pitting corrosion (Cox, 1973; Cragnolino and Galvele, 1973; Cragnolino, 1975; Mankowski et al.,1984).
Sufficiently high hoop stresses (60-70 percent of the YS) may be present in localized regions of the cladding
as a result of fuel pellet expansion during irradiation, although some contraction is expected upon removal
from the reactor, to promote crack initiation if the required environmental and electrochemical conditions are
fulfilled. Indeed, Cox (1990a) remarked that no piece of Zr alloy, even after annealing, will be unstressed
(because of its anisotropic physical properties) and these local stresses may exceed the YS (MacEwen et al.,
1983)
Cox (1973) used C-rings cut from Ni-free Zircaloy-2 fuel rod tubing and stressed on preoxidized
Zircaloy blocks to attain a maximum stress close to the yield point. SCC was observed in neutral solutions
over a wide range of Cl- concentrations above 8.5 x 10- M at applied potentials of 0.49 VSHE or higher. In
0.85 M NaCI solution, SCC occurred under galvanostatic conditions leading to steady-state potentials equal
to or slightly higher than 0.34 VSHE This potential is indeed the Epfor Zircaloy-2 or Zircaloy-4 in this solution
as listed in table 4-5. Specimens that were preoxidized in steam at 400 'C for 3 days or preanodized in
passivating electrolytes such as KOH or Na 2 SO 4Na exhibited even shorter failure times because the applied
current was concentrated in a few sites of passivity breakdown. However, when coupled to Pt or Ni,
conditions under which the potential was lower than EP no SCC occurred, except in acidic (pH 1, 2, and 3)
Cl- solutions.
Cragnolino and Galvele (1973) reported the occurrence of SCC of Zircaloy-4 in IM NaCI solution
at potentials equal to or higher than 0.34 VsHE, which is the E pin this solution, using flat tensile specimens
under constant load at an initial stress value corresponding to 80 percent of the YS. The results of these tests
are shown in figure 4-3 in which the time to failure is plotted as a function of potential together with an
anodic polarization curve based on potentiostatic and galvanostatic measurements. Later on, Cragnolino
(1975) confirmed the initiation and propagation of cracks under similar environmental and electrochemical
conditions using slow strain rate tests at strain rates lower than 1.7 x I 0 3 /s. A pronounced decrease in the
elongation to failure and the UTS was noted at a strain rate of 1.5 x 0-5 /s at potentials equal to or higher than
E,p. Similar results were reported by Mankowski et al. (1984) for Zircaloy-4 in 0.85 M NaCl solution using
strain rates ranging from 2.5 x 10-6/s to 4.7 x 10- 4/s. In this case, SCC occurred only above 0.32 VSHE, which
is just above the Ep reported by Mankowski et al. (1984). These authors also noted that specimens in which
the tensile axis was parallel to the long transverse direction exhibit more susceptibility to SCC than those with
the axis in the rolling direction.
According to Cox (1973), precracked DCB specimens did not show crack propagation at the open
circuit or cathodic potentials in neutral 0.85 M NaCI solution, but the crack propagated at a rate of
4.2 x 10' m/s at 0.49 VSHE, a potential at which the highest crack velocity should be expected according to
the effect of potential on elongation to failure reported by Mankowski et al. (1984). These authors also
conducted some tests using precracked DCB specimens at 0.36 VSHE and noted the complexity of the crack
propagation pattern because numerous cracks were observed well ahead of the fatigue precrack and even in
areas under compressive stresses. Although they claimed that crack propagation rates could not be measured
accurately owing to the complexity of the crack path and the production of large quantities of colloidal
Zr(OH) 4 , as reported also by Cox (1973), a crack velocity of at least 1.6 x 10-8 m/s was roughly estimated.
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Figure 4-3. Time to failure as a function of potential for Zircaloy-4 under an initial applied tensile
stress of 80 percent of the yield strength and anodic polarization curves in 1 M NaCl solution at -25 'C
(Cragnolino and Galvele, 1973)
Speidel (1971, 1976) measured crack velocities of about 2 x 0-'m/s using DCB specimens with the
WL orientation (L-longitudinal direction, W-width direction, with the first letter indicating the direction
normal to the fracture plane and the second letter the direction of crack propagation) loaded at
K = 44 MPa-m' in 1 M NaCl solutions at potentials above 0.30 VSHE. At lower potentials, the crack growth
rate decreases abruptly by more than two orders of magnitude suggesting the crack propagation does not
occur below 0.25 VSHE, as shown in figure 4-4, in which crack growth rates in 1 M FeCl 3 and 1 M CuCl 2 at
the open circuit potential are also plotted. It is clear that a critical potential, attained either by using a
potentiostat or a redox couple, is the dominant factor to initiate and propagate cracks in Cl solutions, even
in precracked specimens. Figure 4-4 also shows data obtained in the presence of other halides such as Brand I to illustrate the crack velocity versus potential dependence typical of these anionic species in aqueous
solutions. It is important to emphasize that Speidel (1976) found that crack velocity in I solutions increases
significantly with temperature, particularly in the stress dependent portion of the crack velocity versus
K, curves, leading to much lower Klcc values with increasing temperature. Kjscc decreases from 22 MPa ml
to approximately 13 MPamV' in 3 M KI solution at 0.45 VSHE by increasing the temperature from 22 to
100 'C. Although there is no comparable data regarding the effect of temperature for Cl-solutions, since all
the information provided above corresponds to room temperature (around 22-25 'C), a similar effect as that
discussed for I- solutions should be expected.
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Figure 4-4. Crack growth rate as a function of potential for precracked specimens of Zircaloy-4
exposed to different halide solutions (Speidel, 1971, 1976)
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The importance of Ep as the critical potential for the occurrence of SCC of Zircaloy in aqueous Cl
solutions, as discussed above, is revealed further through the studies conducted by Roques et al. (1987) in
aqueous methanolic media in which the effect of water content in the range of 5 to 100 percent in volume was
investigated. In solutions with water contents above 60 percent, where water promotes the stability of the
passive film, the value of Emp coincides with the critical potential for SCC and, as noted by Roques et al.
(1987), determines the potential range for SCC susceptibility. This is the potential regime in which pits are
initiated through the initial breakdown of passivity and become precursors for the development of stress
corrosion cracks.
The propagation path for the SCC of Zircaloy-2 and Zircaloy-4 in aqueous Cl- solutions is
predominantly transgranular according to the observations of Cox (1973) and Mankowski et al. (1984) and,
therefore, strongly dependent on texture and specimen orientation. However, in both studies it is reported that
cracks initiated from transgranular subsurface pits. From these pits, transgranular cracking propagates on (or
very close to) the basal plane with ductile tearing on the prism planes giving rise to a fluted fracture face. Cox
(1 990a) suggests that the quasi-cleavage plane appears to be within 1 degree of the basal plane on the basis
of measurements using micro-back-reflection Laue techniques.
Cragnolino and Galvele (1973), on the contrary, found on fracture surfaces an initial region of
intergranular cracking with profuse attack of the grain faces according to certain orientations, followed by
a transition to the transgranular cracking region preceding the final ductile failure, both in constant applied
load and slow strain rate tests. It appears that the location of the crack initiation process and the morphology
of the initial region are dependent on the cooling process after thermal annealing that may increase the
segregation of impurities to grain boundaries (Cragnolino, 1975). Under such conditions, the crack velocity
seems to be controlled by the rate of the initial intergranular stage which increases with both increasing
potential and strain rate. However, the extension or depth of the intergranular region decreases with strain
rate (Cragnolino, 1975). In this context, it is useful to note that Cowan and Kaznoff (1976) reported the
occurrence of intergranular cracks leading to failure in constant load tests in neutral 0.1 to 0.01 M NaCI
solutions at 289 'C at applied potentials of 0.34 to 0.74 VSHE. The applied stress was equal to the YS at
temperature and the failure time decreases from 21 hr at the low potential to 3 min at the high potential. No
cracking was observed at the open circuit potential, which was equal to the reversible hydrogen electrode
potential (-0.66 VSHE) due to the H2 pressure of 1 at maintained in the autoclave. There is not enough
information to evaluate if high temperatures tend to promote intergranular crack propagation rather than
transgranular as observed at room temperature. However, a possible explanation is that under the slow strain
rate conditions expected at the tip of the crack under a constant load, intergranular cracking predominates
until the transition to transgranular cracking occurs at a sufficiently high stress intensity.
Cracking of Zr alloys in F- solutions has not been studied in detail. Cox (1973) reported that a
stressed specimen of Ni-free Zircaloy-2 tested in 0.85 M NaF solution under an anodic current of 1 mA/cm2
only exhibits gross pitting but no SCC. As noted by Cox (1990a), F-anionsare much less evident, in general,
as SCC agents than Cl- and the other halides, as they tend to promote generalized or, occasionally, localized
corrosion. However, Cox (1990a) reported the detection of small intergranular cracks at the bottom of a
nodular oxide formation on unstressed samples in an out-of-reactor water loop in the presence of small
(10 ppm) LiF additions. He suggested that stresses arising from the nodular oxide formation may be involved.
To complete this review, it should be noted that SCC in Cl- solutions has also been reported for pure
and CP Zr (Dunham and Kato, 1961; Rozenfeld and Barkov, 1980; Yau and Maguire, 1984, 1985). Whereas
SCC does not occur in room-temperature HCI solutions at the open circuit potential, the addition of Fe3 ions
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(Yau and Maguire, 1984, 1985) or anodic polarization above Ep (Rozenfeld and Barkov, 1980) promotes
SCC, as in the case of Zircaloy. Since Ep for Zr in Cl- solutions is a very well defined electrochemical
parameter, potentiostatic control at applied potentials about 50 to 100 mV below Ep has been suggested,
similarly to anodic protection, as an effective method for avoiding SCC in industrial applications even in the
presence of Fe3" ions (Yau and Maguire, 1984, 1985).
Texture plays an important role in the transgranular SCC of Zr alloys. Since Zr is a hcp metal, a
single crystal exhibits a strong directional variation of physical and mechanical properties. The preferred
orientation of the crystallytes, the texture, results from deformation and subsequent heat treatment due to the
shortage of slip planes and the strict orientation relationship for slip and twinning that is carried from the
single crystal to the polycrystalline material. This anisotropy of mechanical properties affects SCC resistance
in particular orientations. As noted, cracks tend to propagate on or near the basal plane. As reported for
Speidel (1976), a Zircaloy-4 DCB specimen with the LW orientation exhibited a crack that propagated at a
right angle to the fatigue precrack in 3M KI solution at 0.45 VSHE because it followed the hexagonal basal
plane, regardless of the opening mode of the specimen. This behavior has been illustrated in figure 3-18b for
the case of a-Ti alloys. As a consequence, the LW orientation is the one with the highest KlscX 55 MPa-m',
compared with 22 MPa-m' for the WL (see figure 3-18a) or the TL (T-thickness direction) orientations.
Neutron irradiation increases the strength of Zr alloys and decreases the fracture toughness (Speidel,
1976). It also increases the susceptibility to SCC in 12 vapor (Cox and Wood, 1974; Cox, 1990b) and
presumably has the same effect in aqueous halide containing environments.
If the electrochemical and environmental conditions in terms of potential and Cl- concentration are
appropriate to initiate pitting of Zircaloy fuel cladding, the initiation of cracks could occur even at very low
macroscopic stress levels. The texture prevailing in fuel rods combined with the effect of irradiation
hardening could then facilitate the propagation of cracks leading to failure of the cladding.

4.4

CREEP FAILURE

The resistance of Zircaloy cladding against creep failure under anticipated repository conditions has
been evaluated using both phenomenological and mechanistic creep models (Siegmann, 1997b; Ahn, 1998;
Thurber and Marschke, 1998). Phenomenological creep models which have been evaluated included those
of Peehs et al. (1985), Matsuo (1987), and Mayazumi and Onchi (1990), while mechanistic creep models
included those of Chin (Chin et al., 1986; Chin and Gilbert, 1989), Schwartz and Witte (1987), and Thomas
(1999).
A critical creep strain has been used as the failure criterion for assessing cladding integrity.
Calculations based on Peehs' model (Peehs et al., 1985) and the application of a 1-percent creep strain
criterion indicate that cladding failure by creep should not be expected for the stress (<100 MPa) and
temperature (<330 °C) conditions anticipated in the repository (Ahn, 1998). The evaluation by Siegman
(Siegman, 1997b) is based on Matsuo's model (Matsuo, 1987) using a failure criterion of 4-percent creep
strain. A direct comparison of the Peehs, Matsuo, and Mayazumi models made by Thurber and Marschke
(1998) shows substantial differences in the calculated creep strain. All three models, however, predict that
the total creep strain in the cladding would be less than 1 percent after 10,000 yr for temperatures at or below
230 °C while at 550 °C, strain ranges from 0.01 percent for the Matsuo model to as high as 10 percent for
the Mayazumi model. The predicted failure response is therefore sensitive to the choice of the creep model
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and the critical creep strain. A limitation in the phenomenological creep models arises from the fact that the
operative deformation mechanisms involved in the experimental data used to fit the models are different from
those expected under repository conditions. The need to consider the operative deformation mechanism under
such conditions led to the use of mechanistic creep models for assessing cladding resistance against creep
failure.
Both Pacific Northwest Laboratories (PNL) (Levy et al., 1987) and LLNL (Schwartz and Witte,
1987; Thomas, 1999) developed mechanism-based creep models for predicting creep rupture life of cladding
under repository conditions. The PNL model was developed under a DOE contract, while the LLNL model
was derived through an NRC contract. The PNL/DOE model is based on the deformation and fracture
mechanism maps and treats several creep deformation and failure modes (Chin et al., 1986). For the low
stress and low temperature anticipated for the HLW repository, the potential dominant creep failure
mechanism is diffusion-controlled cavity growth (DCCG). The LLNL model, which is based on DCCG, has
been upgraded recently (Thomas, 1999). McCoy and Doering (1994) reviewed these previous models and
proposed several refinements. Both models have the same basic form traceable to the original model of Raj
and Ashby (1975) and should predict similar results, providing similar values are used for the model
parameters. A recent calculation by Thurber and Marschke (1998) indicates that Chin's model predicted
1-percent creep strain after 10,000 yr at 237 'C. According to this model, therefore, failure would occur only
at temperatures above 237 'C if the criterion adopted for creep failure is 1-percent strain.
Overall, there is a general consensus that cladding failure by creep rupture is unlikely under
repository conditions (Ahn, 1998). Creep rupture data from Germany (Peehs and Fleisch, 1986) are consistent
with this assessment. There is, however, a lack of direct comparison of DCCG model prediction against
experimental data, and a lack of experimental evidence for DCCG in Zircaloy cladding materials (Pescatore
et al., 1989). Disagreement exists on the pertinent values of some model constants in the DCCG models and
on the validity of extrapolating the results of calculations performed using these models to lower stresses and
temperatures. Besides the choice of a creep model and material constants, failure prediction is very sensitive
to the effect of temperature. As a result, the maximum cladding temperature in the repository must be
predicted with a high level of accuracy and its possible variation with location of the WPs in the emplacement
drifts and in the repository must be established with a reasonable precision.

4.5

HYDRIDE EMBRITTLEMENT AND DELAYED HYDRIDE CRACKING

Zircaloy cladding is susceptible to hydride embrittlement and delayed hydride cracking. Hydride
embrittlement is due to the presence of hydride platelets aligned in the radial direction that can cause a
significant reduction in the tensile ductility of Zr cladding (Marshall and Louthan, 1963). One particular form
of hydride embrittlement is called delayed hydride cracking because it is a time-dependent crack propagation
process under sustained-load conditions that results from diffusion of hydrogen to the crack tip, and is
followed by the formation and fracture of hydrides in the near-tip region (Dutton et al., 1977; Cox 1990a).
Most of the relevant experimental data on delayed hydride cracking in the literature are for
Zr-2.5 wt % Nb (Northwood and Kosasih, 1983; Cox, 1990a) because this alloy is used as pressure tube
material in CANadian Deuterium Uranium (CANDU) nuclear power reactors where this type of failure has
occurred. Zr, Zircaloy-2, and Zircaloy-4 appear to be less susceptible or even unsusceptible to delayed
hydride cracking. Several analytical models of delayed hydride cracking are available in the literature (Dutton
et al., 1977; Cunningham et al., 1987; Eadie and Smith, 1988). Both the DOE (Cunningham et al., 1987) and
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the NRC (Ahn, 1998) reviewed the Canadian data and evaluated the pertinent modeling in terms of its
application to repository conditions. It was concluded in both assessments that delayed hydride cracking
would not be important in the repository because the operating stress intensity, which is about 0.5-2 MPa ml
(Siegmann, 1997a), is less than the crack-growth threshold, KIH, for delayed hydride cracking. The value of
KIH decreases with hydrogen concentration in solid solution (Shi and Puls, 1994) and values ranging from
5 MPa-mrn (Shi and Puls, 1994) to 12 MPa mr' (Cunningham et al., 1987) have been reported. Based on the
available evidence, it seems that delayed hydride cracking is not important under repository conditions, but
this assessment can be strengthened if results regarding the probability of failure are quantified on the basis
of the crack-size distribution in the cladding. There is also a need to verify that the crack growth threshold,
KH, determined for through-thickness large cracks, is applicable to small surface flaws of the order of the
underlying microstructural feature size.
In the absence of cracks and a significant source of atomic hydrogen, the integrity of cladding is
determined by the quantity and distribution of radial hydrides in the microstructure. Zircaloy cladding
generally contains some circumferential hydrides that cause little or no effect on ductility or fracture
toughness (Northwood and Kosasih, 1983) and the amount of hydrogen pickup in the repository is expected
to be small. As a result, possible hydride embrittlement under repository conditions has not been examined
closely. The occurrence ofhydride embrittlement depends on the presence or absence of hydride reorientation
from the circumferential planes to the radial planes. For hydride reorientation to occur, the existing
circumferential hydrides in the microstructure must first dissolve and then reprecipitate radially in the
presence of an adequate hoop stress.
A few years after emplacement, the maximum allowable temperature for the case of design base WP
is expected to be around 330 'C (Siegmann, 1997b), which is in general above the solvus temperature of the
hydride. Being a function of the hydrogen content, the solvus temperature is 260 'C at 40 ppm hydrogen by
weight, but increases to 400 "C at 200 ppm hydrogen. At a hydrogen content of 50-70 ppm, a range within
which hydride embrittlement is known to occur (Marshall and Louthan, 1963), the solvus temperature is
about 290-300 "C (Kearns, 1967; Northwood and Kosasih, 1983). On the other hand, average temperature
of the cladding based on thermal calculations is expected to be less than 237 "C (Siegmann, 1997b). If the
temperature of the cladding reaches more than 300 'C, the circumferential hydrides are expected to
redissolve, at least partially, into solid solution in the Zr matrix. As the temperature drops below the solvus
temperature, radial hydrides can reprecipitate at slow cooling rates if the cladding hoop stress, which is
tensile, exceeds a critical value. Both the average cladding temperature and the maximum allowable
temperature will be increased if a backfill is used. Temperature profiles for fuel cladding in a repository with
various backfills have been computed and are available (Bahney, 1995). In most cases considered, the
backfill raises the cladding temperature above the solvus temperature for a long period (hundreds of years).
The value of the critical or threshold stress required for hydride reorientation to occur is not well
defined, but values ranging from 35 to 138 MPa have been quoted by Einziger and Kohli (1983) and from
35 to 200 mPa by Pescatore et al. (1989). The critical stress value depends on temperature, alloy composition,
fabrication method, texture, microstructure, YS, and residual stress (Louthan and Marshall, 1963; Marshall,
1967b; Hardie and Shanahan, 1975; Bai et al., 1994). The low critical stress value of 35 MPa is for a
cold-drawn extruded Zr-2.5Nb (Hardie and Shanahan, 1975) and a Zircaloy-2 tubing of unspecified
processing condition (Louthan and Marshall, 1963). For cold worked Zircaloy-2 and Zircaloy-4, the critical
stress value is about 84-95 MPa (Marshall, 1967ab; Bai et al., 1994; Chan, 1996), but higher values in the
range of 165-220 MPa have also been reported (Marshall, 1967a,b; Pescatore et al., 1989). Recent results
indicate that, for Zircaloy-4, the critical stress values are 95, 187, and 200 MPa for recrystalized, beta-treated,
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and stress-relieved microstructures, respectively (Bai et al., 1994). The only reported case of stress
reorientation in actual fuel cladding occurred under a stress of 145 MPa (Einziger and Kohli, 1983). In this
particular case, the temperature was 323 'C and the hydrogen content was 90 ppm (Einziger and Kohli,
1983). Besides microstructure, texture, and processing conditions, recent work suggests that the large
variation in the threshold stress can be explained on the basis of the residual stresses that arise because of the
misfit strains of the hydride (Bai et al., 1994). Plastic relaxation of these residual stresses can potentially
decrease the threshold stress for hydride reorientation in the repository.
The cladding stress in the repository is anticipated to be 60-1 00 MPa (Siegmann, 1997b; Ahn, 1998).
Under these stress levels, reorientation of hydrides may be feasible at the slow cooling rates anticipated in
the repository if the repository temperature ever exceeds the hydrogen solvus temperature (290-300 0 C) and
the threshold stress for reorientation is less than 100 MPa. Radial hydrides formed by slow cooling are thick,
long plate-like precipitates, whose morphology is conducive to embrittlement and can lead to decreases in
ductility and fracture toughness (Chan, 1996). When the hydrides are very long and widely spaced, only small
amounts of radial hydrides are required to cause a reduction in tensile ductility. As a result, hydride
embrittlement can occur without or with only small amounts of hydride reorientation (Chan, 1996). Recent
work indicated that while the fracture strength is insensitive to radial hydrides, the tensile ductility is severely
reduced by radial hydrides that exceed 50-100 glm in length (Puls, 1988). In terms of fracture toughness,
experimental data (Simpson and Cann, 1979; Kreyns et al., 1996) indicate that the fracture toughness of
Zircaloy cladding is reduced from about 44 MPa ml without hydrogen to 7.5 MPa-ml at 4,000 wt ppm
hydrogen (Kreyns et al., 1996) and to 1 MPa ml2 at higher hydrogen contents (Simpson and Cann, 1979).
On the other hand, redissolution of hydrides and hydride orientation does not occur if the cladding
temperature is lower than 230 'C, which is below the solvus temperature, because hydrides should be
dissolved in order to be reoriented (Hardie and Shanahan, 1975). Hydride reorientation also requires cladding
hoop stresses higher than a threshold stress. Thus, HE may or may not be an important failure mechanism
for fuel cladding in the repository environment, depending on the WP temperature and the threshold stress
for hydride reorientation. Based on the available information on cladding stress and temperature, uncertainties
exist in both the cladding temperature and the critical threshold stress value that preclude a precise
determination of the probability of hydride embrittlement of cladding in the repository. Possibilities do exist
that cladding may be susceptible to this failure mechanism. To alleviate the concern regarding fuel cladding
embrittlement, it is necessary to demonstrate (i) a high level of confidence on the calculated average
temperature for fuel cladding, (ii) a sufficiently low probability that the cladding temperature exceeds the
solvus temperature, and (iii) a high level of confidence on the estimation of the threshold stress for hydride
reorientation and its possible variation for the range of SNF conditions expected in the repository.

4.6

FUEL AND CLADDING OXIDATION

Fuel and cladding oxidation are potential failure mechanisms if the disposal container fails when
temperatures of the fuel assemblies are relatively high. Cladding oxidation would be the predominant failure
mechanism if the fuel rods remain intact when the container fails, whereas fuel oxidation would be the
dominant failure mode for perforated or failed fuel rods. The possible failure of fuel rods by cladding and
fuel oxidation was examined by Einziger (1994), McCoy (1996), and Ahn (1996). Einziger has presented
models for computing the times to failure for cladding oxidation and for fuel oxidation (Einziger, 1994). The
cladding oxidation model has been developed based on oxidation kinetics data reported by Boase and
Vandergraaf (1977) and by Suzuki and Kawasaki (1986). Failure of fuel rods by fuel oxidation is more
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complex and involves two failure steps: (i) fuel oxidation near a perforation in the fuel rod and the formation
of a split (an axial crack) in the cladding and (ii) continued fuel oxidation near the end of the split causing
the split to propagate axially. For perforated fuel rods, fuel oxidation is not expected to be a problem if the
fuel temperature is lower than 250 'C because the fuel oxidation kinetics would be too sluggish. Above
250 'C, dry oxidation of irradiated U0 2 to U3 08 is possible and will be accompanied by a substantial volume
increase. This volume increase provides the driving force for the initiation and propagation of the split in the
cladding.
The characteristic times of fuel rod degradation due to fuel and cladding oxidation under expected
repository conditions were computed by using the models of Einziger (1994) and information on fuel rod
geometry for a Framatome Cogema Fuels Mark B4 assembly. The important results of this study, which are
highlighted by McCoy (1996), indicate that the degradation process depends critically on the fuel temperature
when the disposal container fails which, in turn, depends on the mass loading and the choice of backfill.
Cladding oxidation can be dismissed as a failure mechanism if the drifts are not backfilled because the rate
of oxidation is not sufficiently fast at temperatures lower than 350 'C, as expected in the absence of
backfilling. For perforated fuel rods, fuel oxidation would not be a problem if the disposal container does not
fail before 35 yr after emplacement for a mass loading of 5.93 kg U/M2 and no backfill, or before 500 yr for
20.5 kgU/m2 with backfill. In both cases, the fuel temperature would be sufficiently low that the fuel and
cladding oxidation kinetics would be too sluggish to cause cladding failure. Based on these estimates, fuel
and cladding oxidation could be dismissed as cladding degradation mechanisms as long as a backfill is not
used and the disposal containers can provide containment for thousand of years.

4.7

MECHANICAL FAILURE

The possibility of mechanical failure of cladding through rockfall in the repository was considered
by McCoy (1998) assuming the following sequence of events: (i) emplacement drifts collapse and become
filled with rubble after repository closure; (ii) rocks fall and lie on top of the waste containers; (iii) waste
containers corrode, become mechanically weak, and fail; and (iv) rocks fall from the container top and impact
on the fuel assemblies inside. The direct rupture of disposal containers due to rockfalls was considered to be
induced by seismicity (Ghosh et al., 1998), which is the event sequence (i) in McCoy's scenario, but
mechanical failure of cladding was not included in this analysis. In contrast, McCoy considered the
mechanical failure of cladding due to rockfalls, which is the event sequence (iv), without including the failure
of the containers. A complete analysis assessment of the mechanical failure of fuel cladding should consider
both the container and the cladding. the effect of drip shield and backfill in mitigating the consequences of
rockfall should be considered.
The analysis model developed by Hsiung for evaluating container rupture as a result of rockfall was
adapted in TPA Version 3.1.1 as a module named SEISMO (Ghosh et al., 1998). The SEISMO module uses
the weight of rockfalls from the roof of the emplacement drifts onto the outer container conforming the outer
metallic barrier of the WP as input to perform an impact analysis. The impact loads are calculated based on
the conservation of energy using an equation from Popov (1970), assuming that the rocks do not fracture.
The equivalent static stress resulting from the impact is then computed from the impact load based on an
analysis of two spheres in contact (Timoshenko and Goodier, 1987) in which the contact pressure is
distributed over a small contact region. Mechanical failure is assumed to occur when the calculated static
stress exceeds the ultimate fracture strength in order to assess the integrity of the container. The effective size
of the fallen rock that may impact the container is assumed to be controlled by joint spacing (JS). Available
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JS information for the TSw2 unit (Brechtel et al., 1995) was used in SEISMO to determine the volume of the
rock that would fall on the container.
The SEISMO module was developed to consider the effect of seismicity on the mechanical integrity
of the WP, but it can be applied to treat the mechanical failure of cladding provided that the appropriate
material behavior is incorporated into the analysis. Important assumptions made in SEISMO include (i) the
container material exhibits an elastic behavior up to the point of fracture and can be treated as a spring with
an equivalent spring constant, (ii) no energy dissipation occurs at the point of impact from local inelastic
deformation of the container material, (iii) the deformation in the container wall is proportional to the impact
force, (iv) the inertia of the container can be ignored, and (v) the ultimate fracture strength of the container
material is not affected by corrosion. The assumption of elastic fracture without inelastic dissipation at the
point of impact is acceptable if the container material is assumed to be degraded by corrosion with a
concurrent decrease in wall thickness so that the load required for fracture will be less than the load estimated
to be required to attain the yield stress. If the container wall thickness is not degraded by corrosion, yielding
of the WP material is almost certain to occur before fracture. More realistic and accurate results may be
obtained if the decrease in wall thickness as a function of time due to corrosion and, therefore, the decrease
in the mechanical load required for fracture are taken into account in this model.
In McCoy's model, mechanical failure of cladding due to rockfall is treated by considering a span
of cladding from one spacer grid to the next as a simple elastic-plastic beam with clamped ends. Cladding
is taken as a thin-walled tube subjected to an external load resulting from the rockfall at the middle of the
span. External loads on the cladding can be static or dynamic. Dynamic loading occurs when the disposal
container collapses, while static loading occurs when the rubble lie on top of the fuel. The model calculates
the load-displacement response of an individual fuel rod in the case of static loading but for the entire fuel
assembly in the case of dynamic loading. The elastic-plastic behavior of the fuel rod is described by a
piecewise linear stress-strain curve that is comprised of two linear line segments representing the elastic
region and a plastic region with linear strain hardening. Both typical and high burnup fuels were considered
in the analysis. For each type of fuel, the failure criterion is that the maximum fiber strain reaches the uniform
elongation. The stress-strain curve was determined on the basis of the mechanical properties of typical fuel
and was used with a reduced uniform elongation to take into account the case of the high burnup fuel.
The McCoy model considers the block size, block geometry, drop height, stack arrangement of the
fuel assemblies, failure criteria, fracture geometry of the fuel rods and assemblies, and the load-displacement
response of the fuel rod and assemblies. For static loading, the maximum load on the rod is assumed to be
that of a rectangular slab of tuff with thickness equal to the rod pitch and width equal to the grid-to-grid
distance. The slab represents the portion of the overlaying rubble allocated to one span of a fuel rod. For
dynamic loading, a distribution of block size was used but the description for computing the dynamic loads
is unclear in the report and requires clarification. The drop height was taken to be the inside diameter of the
inner container minus the top and bottom side guides. The fuel assemblies were taken to be stacked in
horizontal layers. This arrangement, which provides for the greatest drop height and the most settling of
assemblies, should lead to conservative results for the amount of damage to the assemblies.
Several other features of the McCoy model are not clearly described in his report and require further
clarification. These features include (i) use of a circular punch and a linear punch to simulate blocks that fall
on their vertices and edges, (ii) procedure used for predicting the number of rods failed and the number of
fractures per rod, and (iii) derivation of the load-displacement function. It was reported that an empirical
force-displacement function was used in the model (McCoy, 1998). Neither the derivation nor the
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justification of the empirical force-displacement was given. A more detailed evaluation of this
force-displacement function, including the source of the empirical expression and its limitations, is
recommended.
A particular concern with the McCoy model is related to the failure criterion based on the uniform
elongation of the fuel rod. It appears that uniform elongation of high burnup fuel rods was used in his
analysis. This mechanical property, however, does not reflect the true degradation in properties that the fuel
rods might experience in the repository. In particular, degraded fuel rods are likely to contain defects or
cracks that are certain to reduce the uniform elongation. As discussed in earlier sections, the generation of
defects and cracks in the fuel rods are likely to be time-dependent and can be quite severe by the time the
disposal containers corrode, weaken, and ultimately fail due to impacts by rockfalls. The presence of these
defects is expected to reduce the uniform elongation of the fuel rods, possibly by significant amounts. In the
present form, the treatment of the mechanical failure of fuel rods in McCoy's model is more appropriate for
short times after emplacement when cladding degradation is still quite limited. Because of the expected
presence of flaws in the cladding, a fracture mechanics approach based on distributions of flaw sizes and
fracture toughness of degraded cladding might be more relevant than the approach based on strength or
ductility of material as adapted in the models currently used.
Another area of concern regarding the McCoy's model is the assumption that the disposal containers
can withstand the collapse of the emplacement drifts such that rocks may lie on the top of the disposal
containers in the period preceding subsequent mechanical failure events. In order to claim credit for cladding
as an additional metallic barrier to the release of radionuclides, the failure response of the cladding should
also consider the probability that the disposal container, eventually weakened by corrosion processes, may
not survive the impact of rockfalls during the collapse of the emplacement drifts.
In McCoy's analysis of potential mechanical failure of PWR fuel assemblies, the normal fuel was
taken to typify 95 percent of the inventory, and the high-burnup fuel represents the remaining 5 percent. A
total of 7 percent of the fuel rods was predicted to be broken by rockfall. The high-burnup fuel accounted for
about 27 percent of the breaks, while the normal fuel accounts for the remaining 73 percent. These failure
rates are likely to increase when the flaw population and the degraded properties of the fuel rods are taken
into account, assuming that other parameters remain unchanged.
The available model calculations suggest that mechanical failure of fuel rods due to rockfall is
possible. However, the sequence of events that lead to fuel rod failure is not fully established and needs
further research and justification. Current models treating mechanical failure of fuel rods are in the
developmental stage and need refinements to improve robustness and to verify key assumptions. A fracture
mechanics approach, coupled to appropriate consideration of degraded properties and flaw distribution,
should be considered in further refinements of the mechanical failure models.

4.8

FUEL SIDE STRESS CORROSION CRACKING

A well known process of cladding failure, named PCI failure, is fuel side SCC induced by iodine
(Cox, 1990b). Several studies have been conducted to determine the possibility of iodine-induced SCC
(ISCC) of Zircaloy cladding under dry storage conditions (Tasooji et al., 1984; Miller et al., 1989;
Cunningham et al., 1987; Pescatore et al., 1989). Tasooji et al. (1984) developed a phenomenological model
for treating SCC and applied this model to predict ISCC in Zircaloy cladding under dry storage conditions.
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Their calculations indicated that the ISCC limiting temperature is 280 'C for the case of 20-percent fission
gas release at the maximum internal gas pressure expected in dry storage. For 1-percent fission gas release,
the ISCC limiting temperature was found to be greater than 450 'C. Based on the ISCC crack growth model
developed by Kreyns et al. (1976), Cunningham et al. (1987) determined that 290 'C is the maximum
allowable temperature for crack propagation arrest caused by decreasing temperature. Pescatore et al. (1989)
conducted an extensive review and evaluated the pertinent data on ISCC. Their compilation of experimental
data in the literature indicated that there exists a threshold iodine concentration below which SCC of Zircaloy
cladding does not occur. The minimum iodine concentration required to cause SCC however, is not a constant
but decreases with increasing time. In most instances, the critical iodine concentration can be attained or
exceeded during isolation in dry storage. For uncracked cladding, there exists a threshold stress below which
ISCC would not occur. That critical stress value was determined to be about 200-250 MPa based on available
experimental data. For cracked cladding, crack growth by ISCC does not occur at stress intensity levels below
a threshold value, which was determined to be about 3 MPa-ml. For dry storage, the worst case maximum
stress was 131 MPa, which was below the critical stress for ISCC for smooth, uncracked materials. At a stress
of 131 MPa and a growth threshold of 3 MPa m', the critical crack length for the onset of ISCC is 0.27 mm.
Tasooji et al. (1984) estimated that, in the worst-case condition, 1 percent of SNF rods would have a defect
greater than 0.13 mm deep, which is about 20 percent of the wall thickness. The 1-percent estimate was
considered too high by Pescatore et al. (1989), who concluded that there is a low probability of finding a rod
with both a crack of the requisite size and a hoop stress of sufficient magnitude to cause the critical stress
intensity for ISCC to be exceeded. Because of this, Pescatore et al. (1989) concluded that ISCC would not
be a major degradation mechanism of cladding and would affect, at the most, only a very small fraction of
the total number of fuel rods in dry storage.
Siegmann reviewed pertinent ISCC studies for dry storage and concluded ISCC would not play a role
in cladding degradation in the repository (Siegmann, 1997a). He indicated that, on discharge, irradiated fuel
pellets contract away from the cladding and remove the localized stress that is needed for SCC. Cladding
creep in the repository can also cause the cladding to move further away from the pellets, leading to
additional reduction in pellet ridging and stress. He also cited several studies that indicated that ISCC would
not be an important cladding degradation mechanism in dry storage (Rothman, 1984; Cunningham et al.,
1987; Tasooji et al., 1984; Pescatore et al., 1989). The assessment is probably also applicable to the
repository. As indicated in the sections on delayed hydride cracking and HE, the operating stress intensity
forthe cladding in the repository is about 0.5-2 MPaml', which is slightly below the Kis~c value of 3 MPa m'
for crack growth by ISCC. The cladding stress is about 60-100 MPa, which is well below the critical stress
of 200-250 MPa for ISCC. Since both the critical stress and the stress intensity levels for ISCC are not met,
crack initiation and growth by ISCC is unlikely in the cladding under disposal conditions. In addition, the
expected temperature of the cladding is below 250 'C, which is below the calculated ISCC limiting
temperatures of 280-290 'C (Tasooji et al.,1984; Cunningham et al., 1987). Based on these considerations,
ISCC is not expected to be a major cladding degradation mechanism in the repository.
The preceding assessment was based on large crack data generated using fracture mechanics
specimens containing through-thickness cracks. Two issues need to be considered with regard to the use of
the Klscc to predict the nonpropagation of cracks under stress corrosion conditions. First, the operating stress
intensity level is just below the large crack K1scc; any deviation in the crack size distribution can cause the
K level to exceed Klscc and lead to ISCC. Second, the Kls~c value determined from large crack data may not
be applicable to small cracks when the crack size is on the order of, or less than, the average grain size. This
point was raised and discussed by Miller et al. (1989), who estimated that the Kls~c for small cracks
may be as low as 0.6 MPa ml". Under this circumstance, small cracks could grow by ISCC at the stress
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intensity levels anticipated in the repository. Miller et al. (1989) estimated that, for Zircaloy at 300 'C, cracks
shorter than 0.1 percent of the wall thickness are in the small crack regime (Miller et al., 1989). Thus, there
is a need to quantify the crack size distribution and to verify their nonpropagation status under the operating
stress intensity levels expected under disposal conditions.
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5 CERAMIC COATINGS
Coatings (ceramic and metal) are used for numerous applications such as wear, corrosion, erosion, thermal,
electrical, optical, decoration, lubrication, debonding, and biocompatible coatings for prostheses and dental
implants (Geiger, 1992; Wigren and Pejryd, 1998; and Moreau, 1998). There are diverse ranges of processes
that are used to deposit coatings such as thermal spraying, physical vapor deposition, chemical vapor
deposition, sol-gel, painting, and spraying. The thermal spray process is widely used for wear and corrosion
resistant coatings. Table 5-1 shows functions and application of some thermal spray coatings.
Thermal spray ceramic oxide coatings such as alumina, titania, and stabilized zirconia, are widely used for
improving high-temperature corrosion and wear resistance of mechanical components in aircraft and in the
automobile industry. They were proposed in the VA design of the WPs as an effective means to reduce
corrosion and oxidation ofthe outer carbon steel container (U.S. Department of Energy, 1998b). To minimize
corrosion and oxidation of the WPs, the coating should be dense with low open porosity and strongly bonded
to the WP. In addition, the coating should have good mechanical strength to sustain mechanical impacts
during transfer from the coating facility to the repository. LLNL (U.S. Department of Energy, 1998e) has
Table 5-1. Functions and applications of thermal spray coatings (Van den Berge, 1998)

Function
Wear resistance
Adhesive wear

Application

Coating

Bearings, piston rings, hydraulic
press sleeves
Guide bars, pump seals,
concrete mixer screws
Dead centers, cam followers,
fan blades (jet engines), wear
rings (land based turbines)
Slurry pumps, exhaust fans,
dust collectors

Chrome oxide, Babbit, carbon
steel
Tungsten carbide,
alumina/titania, steel
Tungsten carbide, Cu/Ni/In
alloy, chromium carbide

Heat resistance

Burner cans/baskets (gas
turbines), exhaust ducts

Partially stabilized zirconia

Oxidation resistance

Exhaust mufflers, heat treating
fixtures, exhaust valve stems

Al, Ni/Cr alloy, Hastelloy

Corrosion resistance

Pump parts, storage tanks, food
handling equipment

Type 316 SS, Al, Inconel,
Hastelloy

Electrical conductivity

Electrical contacts, ground
connectors

Cu

Electrical resistance

Insulation for heater tubes,
soldering tips

Alumina

Restoration of dimensions

Printing rolls, undersize
bearings

Carbon steel, stainless steel

Abrasive wear
Surface fatigue wear

Erosion
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Tungsten carbide, Stellite

tested several type of coatings deposited by various thermal spray processes and results are presented in
section 5.3. Although the emphasis on the use of ceramic coatings has decreased with the advent of EDA II,
a discussion is included in this section for completeness, considering the design options included by the DOE
in the VA.
Most of the research on ceramic oxide coatings pertains to the components of the automobile or aircraft
industry under dynamic environments, which are significantly different compared to the WP environment.
Therefore, a significant portion of the existing research is not applicable to the behavior of ceramic coatings
in the WP environment. This chapter provides a brief review of existing thermal spray technologies, the
characteristics of the coated components as applicable to the WPs, and an overview of the current status of
the work that has been conducted at the LLNL (U.S. Department of Energy, 1998e) to support development
of ceramic coatings for WPs. The discussion in this report is focused on the coating characteristics such as
porosity, mechanical strength, and residual stresses which are important to WP performance in the repository
environment.

5.1

COATING TECHNOLOGIES

The coating characteristics depend upon several factors such as starting material, thermal spray
technology, and coating conditions, such as flame velocity and temperature. In a typical thermal spray
process, molten (or partially molten) particles heated by hot gas flow (plasma or flame) or electric arc are
accelerated by a flowing gas and impact on the substrate surface. Upon contact, particles flatten and cool
down at rates exceeding 1O' K/s. The particles solidify within a few microseconds. In the case of partially
molten particles, the particles plastically deform and flatten on the substrate. The solidified particle on the
substrate is called splat. The structure and properties of the sprayed coatings depend upon the temperature
and velocity of the particles. The higher the impact velocity, the denser the coating.
Thermal spray processes are classified into two areas based on heat source as shown in figure 5- 1.
Plasma spray and wire-arc spray processes are used with an electrical heat source while flame spray,
high-velocity oxygen fuel (HVOF), and detonation-gun spray processes are used with a chemical heat source.
These processes are briefly discussed.

| Thermal spray process

l Electrical heat so---e

Plasma spray

Chemical (combustion) heat source|

|

Wire-arc spray

|;

Flame spray |

HVOF spray

Figure 5-1. Types of thermal spray processes (Van den Berge, 1998)
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5.1.1 Detonation Gun Process
The detonation gun process consists of an intermittent series of explosions which melts and
accelerates the particles onto the substrate. Typically, oxygen and fuel (acetylene) is fed into a long barrel
along with a charge of coating powder. A spark is used to ignite the gas mixture. The heat from the detonation
melts the powder and the supersonic velocities of the detonation waves accelerates the particles through the
barrel onto the substrate. A pulse of nitrogen is used to purge the barrel after each detonation. The process
is repeated several times a second. These high-velocity molten particles impact the substrate producing highly
dense and strong coatings. This process is relatively expensive and produces noise levels that can exceed
140 dB. In addition, the process has to be installed in a sound and explosion proof chamber.

5.1.2 Flame Spray Process
In a flame spray process, compressed air or oxygen with fuel (acetylene, propylene, propane, or
hydrogen), is used to melt and accelerate particles. The coatings produced by this method are porous and are
not well bonded and are not suitable for coating refractory ceramic oxides. This deficiency is attributed to
low flame velocity (50 m/s) and low flame temperature (< 3,000 0 C). This process is adaptable for various
kinds of raw materials as powder, wire, or rod. Despite the above deficiencies, this technique is very widely
used because of its low cost and simplicity.

5.1.3 High-Velocity Oxygen Flame Process
The UVOF spray process is a variation of the flame spray process. In this process, the combustion
takes place in a specially designed chamber. The combustion process generates a large volume of gas which
is released through a narrow barrel at a high velocity (more than four times the speed of sound). The coating
material in the form of powder is injected in the combustion chamber and is accelerated by the supersonic
velocities. The coatings produced are very dense and strong. In addition, coatings show low residual tensile
stresses or, in some cases, compressive stresses which enable application of thick coatings. This technique
produces thick, dense, and strong coatings similar to a detonation coating but without the explosion risk.

5.1.4 Arc Spray Process
In the arc spray process, a pair of electrically conductive wires are fed to a common arc point at
which the melting occurs. The molten material produced by the arc is atomized by compressed air and
accelerated toward the surface. Upon impact, the molten particles rapidly solidify on the substrate. Arc spray
coatings are denser and stronger than flame spray coatings and offer high spray rates (40 kg/hr) compared
to other thermal spray techniques. This process is only suitable for coating electrically conductive wires and
cannot be used for coating ceramic oxides. The process cannot be used for coating WPs.

5.1.5 Plasma Spray Process
Plasma spray is an ideal process for coating ceramic oxides. In this process, a plasma torch is used
to generate an electric arc. The torch consists of an annular water cooled copper anode and a thoriated
tungsten cathode. Inert gas (argon, nitrogen, hydrogen, or helium) flows around the cathode and through the
anode. The plasma is initiated by a high-voltage discharge between the cathode and the anode which causes
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ionization of the inert gas. The resistive heating from the arc causes the gas to reach temperatures in excess
of 15,000 0C which dissociates and ionizes gas to form plasma. The coating powder is introduced at the
hottest part of the flame. The plasma's high heat causes a large increase in the volume of the inert gas which
produces a high-speedjet stream. This high-speed, extremely hot,jet stream melts the powder and accelerates
it to the substrate. Typically, a direct current torch operating at 40 kW, has an effective temperature at the
nozzle tip in excess of 15,000 C. An approximately 40,um particle has a velocity of 100-300 m/s and, on
impact, undergoes solidification at a rate greater than 100 0C/s. The process produces dense, high bond
strength coatings. For applications that require extremely high adhesion strength and bulk density
approaching theoretical density, plasma spray is carried out in a reduced pressure inert gas chamber. The
process is called vacuum plasma spray.

5.1.6 Thermal Spray Processes for Waste Package
Based on the brief review of the thermal spray technologies, table 5-2 summarizes the technologies
that meet the WP requirements. DOE has cited that plasma spray method as a preferred method of choice for
ceramic coating based on its design simplicity (U.S. Department of Energy, 1998f). The plasma spray
process, as indicated earlier, produces porous coatings and the DOE impedance analysis indicated no
significant difference in the impedance spectra between plasma spray coated carbon steel and alumina coated
carbon steel. The DOE has to revisit its analysis to justify the selection of the plasma spray process. If the
coating cannot restrict water infiltration to the WP, the coating application on WP serves no useful purpose.
Table 5-2. Evaluation of the thermal spray processes for waste packages
Process

[

Suitability

I

Risk

Flame spray

Does not meet waste package
requirements.

Coatings are porous and have
low bond strength.

High velocity oxygen fuel spray

Meets waste package
requirements.

Test samples < 3 % open
porosity achieved. Full-scale
demonstration not conducted.

Arc spray

Does not meet waste package
requirements. Can only be used
for metallic coatings.

Detonation gun

Meets waste package
requirements.

Test samples < 3 % open
porosity achieved. Explosion
and noise hazard. Full-scale
demonstration not conducted.

Plasma spray

Meets waste package

Test samples indicate 15-20 %

requirements.

porosity.
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5.2

COATING MATERIALS

There is a wide range of ceramic oxides that can be used for coating carbon steel. The selection of
oxide coating depends upon the functional requirements of the coatings. The goal of ceramic coating on the
WP is to extend the life of the container by avoiding the direct contact ofhumid air of the aqueous media with
carbon steel. While the ultimate functional requirement is its ability to sustain environmental conditions in
the repository, the coating on the WP should have enough strength to sustain mechanical handling during
transportation. In addition, the thermal spray process should not degrade the WP during the coating process.
The main characteristics of WP coating is low porosity and good mechanical strength. Since no
high-temperature performance requirement is imposed on the WP coating, these characteristics can be met
by several commonly used ceramic oxides such as alumina, spinel, titania, and partially stabilized zirconia
(PSZ). The properties of typical ceramic oxides that can be used on carbon steel are shown in table 5-3 and
are briefly discussed in the following sections.

5.2.1 Alumina
A1203 is a widely used ceramic oxide for high-temperature corrosion and wear applications. The high
mechanical strength, including its hardness and corrosion resistance at high temperatures, makes it a valuable
material for high-temperature applications. High-density alumina obtained by thermal spray processes such
as HVOF can produce coatings achieving theoretical densities. A1203 has the highest thermal conductivity
among the ceramic oxides selected for WP coating. Even though A1203 has very limited solubility in water,
the abundance of A120 3 in the repository host rock further reduces solubility of A1203 in the local repository
environment. The DOE has preferred to use MgO-A12 03 instead of A1203 because polymorphic
Table 5-3. Selected ceramic coatings on carbon steel (Ryshkewitch and Richerson, 1985; Goodfellow
Corporation, 1997)

Carbon
Steel
Substrate

Partially Stabilized
Zirconia Coating

Al 20 3
Coating

MgO-Al 2 0 3
Coating

TiO 2
Coating

Thermal
Expansion ( 0 C-')
(20-1,000 -C)

12.5 x 10-6

5-10 x 10-6

8.5 x 10-6

8.4 x 10-6

8-10 x 10-6

Elastic Modulus
(GPa)

210

200

300-400

225

250-300

Thermal
Conductivity at
20 -C (W/mrK)

60

1.5-2.5

26-35

16.0

2.5-5.0

Tensile Strength
(MPa)

380-515

> 300

260-300

130

350

Density (g/cm 3 )

7.86

5.7

3.9

3.51

4.05

Property
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transformations in Al 203 could result in the formation of microcracks. A1203 has a wide range of polymorphic
transformations as shown in figure 5-2 that occur during manufacturing of Al2 0 3 from its ores. The
high-temperature form, corundum or a-A12 03 , is stable and does not transform back into'y-A1203 This is in
contrast to the U.S. Department of Energy (1998f) assessment. Literature review does not indicate such
transformations at temperature below 700 'C.

5.2.2 Spinel
MgO&A12 03 spinel is found in nature as a mineral. It is a thermodynamically stable and inert
compound, and behaves like a single compound. In contact with melts at high temperatures, it does not leach
out either the basic (MgO) or the acidic (AI 20 3 ) part of the spinel. Therefore, this material is widely used for
melting metals and alloys. MgOAW
2 03 has a higher melting point than A120 3 but requires more careful
handling because it has lower thermal shock resistance and mechanical strength. The use of MgO-AI20 3 is
considerably less restricted than A1203 , because of lower mechanical strength and hardness. In addition, costs
of production of spinel coatings are considerably higher. Another advantage of using spinel, similar to
alumina, is that the abundance of its components in the repository host rock makes it saturated with the local
environment.

5.2.3 Partially Stabilized Zirconia
The commercial use of pure ZrO 2 in structures is restricted because its undergoes monoclinictetragonal transformation by a diffusionless shear process resulting in the thermal hysteresis as shown in
figure 5-3. But addition of oxides such as MgO, CaO, or Y20 3 stabilizes the volume expansion resulting from
the transformation as shown in figure 5-3. Such PSZ is a widely used and investigated material for
high-temperature applications. Y 20 3 -PSZ coating is used for thermal barrier applications because of its
toughness, low thermal conductivity, and relatively high coefficient of thermal expansion similar to metals.
The low thermal conductivity keeps the metallic substrate temperature cooler, allowing the component to
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Figure 5-2. Transformations in A120 3 (Gitzen, 1970)
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Figure 5-3. Thermal expansion of ZrO2 modifications (Ryshkewitch and Richerson, 1985)
operate at higher temperatures; but, in the WP, this could reduce conduction of decay heat from the WP to
the environment, resulting in higher container temperatures.

5.2.4 Titania
Literature reviews on TiO2 coating indicate little or no application of TiO 2 as a coating material. TiO 2
is widely used as a pigment to provide opacity to ceramic bodies or as an electrical insulator due to its low
electrical conductivity. While properties of the TiO 2 are similar to the oxides shown in table 5-3, it is least
refractory. Because of availability of limited information on this material and its performance, no evaluation
can be made at this time. This coating material has the lowest priority according to the DOE evaluation
(U.S. Department of Energy, 1998f).

5.2.5 Coating Material for Waste Package
In selecting a ceramic coating for the WP, good mechanical strength has to be balanced with the
higher thermal conductivity that will allow decay heat to transfer quicker from the WP to the repository
environment. Thermal analysis (U.S. Department of Energy, 1998f) indicates that the peak fuel temperature
for an A1203 coated WP is 385 'C and that of Y2 03 -PSZ is 388 'C. The difference of 3 'C for materials
having an order of magnitude difference in thermal conductivity is questionable and future studies are needed
to confirm these results. Since heat flux is directly proportional to thermal conductivity of the material, an
order of magnitude higher thermal conductivity should have an order of magnitude higher heat flux. Based
on a brief review of the coating materials, A1203 and MgO A120 3 are the most suitable candidates for WP
coatings. Their suitability is attributed to appropriate strength, thermal conductivity, and saturation of the
coating components with the repository soil. While A1203 is slightly superior to MgO-AI20 3 in properties, has
much higher tensile strength than MgO Al203 and is more widely researched, both will meet the functional
requirements of a coating. For TiO 2 , not enough research data exist to evaluate this material for WP coating.
The DOE report (U.S. Department of Energy, 1998f) shows a preference for MgO Al20 3 over A12 03 or ZrO2
because A1203 has high-temperature phases that could transform over extended periods oftime at moderately
elevated temperatures and the inhomogeneous distribution of structural stabilizers present in ZrO 2 could lead
to the development of microcracks. Such arguments are qualitative and have to be experimentally
substantiated to show superiority and applicability of coating for WPs. The microcracks will be present in
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the coating irrespective of the coating materials because they originate due to rapid thermal cooling of the
splats and cannot be avoided.

5.3

COATING CHARACTERISTICS

The control of microstructure is the key factor to meet the desired functional requirements of the
coating. The microstructure is produced by the cohesively bonded splats which result from a high rate impact
and rapid solidification of a high flux (millions of particles per cm2 /s) of flame melted particles The
microstructure of the final coating, which exhibits porosity, crystalline phases, and may contain undesired
features such as unreacted or unmelted particles, is closely tied to the nature of the thermal spray process and
coating conditions. The corrosion resistance and strength of the coating depend on the cohesive strength
among the splats, the size and morphology of the porosity, cracks and defects, and the microstructure within
the splats.
The performance of the coating under the repository conditions is unique application of the ceramic
oxide coatings. The only data available for review are from LLNL that is developing and evaluating coating
for the WPs (U.S. Department of Energy, 1998e; Wilfinger et al., 1999). LLNL has evaluated several
potential ceramic oxide coatings deposited using various thermal spray processes. Table 5-4 shows ceramic
coatings and the deposition process used for coating a carbon steel substrate. In all cases, 1-in.-diameter and
6-in.-long cylindrical carbon steel rods were used as a substrate for obtaining 1.5-mm-thick coating. The
microstructure of the coated samples was analyzed using scanning electron microscopy combined with
analysis by x-ray diffraction and image analysis. Impedance spectroscopy was used to determine water
migration through the pores.
The porosity was determined using image analysis. As discussed earlier, the porosity in the coating
was dependent on the thermal spray process. The plasma spray alumina coating showed about 18-percent
porosity, detonation gun around 6-percent porosity, and HVOF process approximately 2-percent porosity.
The image analysis also indicated submicron thick and a few micron long radial separations (microcracks
or pores), spherical pores, rounded inclusions resulting from particles that solidified before impact, and sharp
edged inclusions of unmelted particles. The microstructure also indicated presence of radial and subsurface
cracks. The radial cracks were more evident in thick (0.06-in.) coating compared to thin (0.01 5-in.) coatings.
Such microsctructural features are fairly common and are regularly observed (Levit et al., 1996; Fox and
Clynet, 1998; Taylor et al., 1992).
Table 5-4. Coatings for waste package (U.S. Department of Energy, 1998e)

Coating

I

Coating Method

A120 3

HVOF, detonation, plasma spray

TiO 2

HYOF, detonation

MgO&A12 03

HOF, detonation

A12 03 -TiO2

HVOF, detonation

Note: HVOF - High-velocity oxygen fuel
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5.4

ENVIRONMENTAL BEHAVIOR

Corrosion behavior of the coatings deposited using techniques shown in table 5-2 was studied by
immersing the samples in a simulated I OX concentrated J- 13 well water bath at 90 'C. Except for the plasma
sprayed A12 03 coating which had 19-percent porosity, all samples indicated virtually no corrosion at the
interface. The degradation of the plasma spray coated sample was attributed to diffusion of oxygen through
the water filled pores in the samples. The connectivity of pores in the coating was confirmed by
electrochemical impedance spectroscopy. Figure 5-4 shows impedance spectra for the various coatings. The
data indicate that high-porosity alumina behaves similar to the carbon steel substrate, and a porous coating
deposited by the plasma spray technique cannot protect the outer container from corrosion.
Aqueous corrosion of ceramic oxides such as A1203 , TiO2 , MgO&AI 20 3 , and ZrO2 , is negligible at

100 'C in a neutral or acidic environment. The dominant mechanism for corrosion of the outer carbon steel
container consists of two parts. First, transport of aqueous environment to the carbon steel-ceramic oxide
interface through the interconnected porosity, and second, diffusion of oxygen through the interconnected
porosity filled with liquid to the carbon steel surface which results in the oxidation of the carbon steel. The
WP degradation model proposed by Wilfinger et al. (1999) assumes that the interconnected porosity is filled
with water at the onset. While this assumption is conservative, it ignores processes such as diffusion and
capillary flow that are responsible for the transport of water through the interconnected porosity. These forces
10

a

*

8
_7

*

E
0

a3

HVOF (2% porous)
6

Detonation (6%porous)
3
a3
*
a

o~~~~~~~~~

a

_

-5
C

U

0. 4
'cc

13

0

E 33

13

13n

*

0

<

2
1

1

o
-1

0
~~0 0

00
°*

0

0

Bare substrate
0 S
* O
000

00

g

0

Plasma (19% porous)
.

.

,,

., .11

0
I

I I

II.,

2

I

3

I

I

II

I

I

I

I ,

4

Frequency, 1on Hz
Figure 5-4. Alternate current impedance measurements of ceramic coatings made by various thermal
spray techniques (U.S. Department of Energy, 1998e)
5-9

5

could have a dominant effect on retarding the influx of water through the coatings with low porosity, small
pores, and microcracks. Wilfinger et al. (1999) further assumed that typical aqueous corrosion reactions and
corrosion rates apply at the interface, as shown in Eq. (5-1)
2Fe
20

4Fe + 302 -

(5-1)

3

In literature, the corrosion of Fe is represented by a series of complex intermediate reactions with
the end product which may or may not be Fe2 0 3. These reactions were not discussed by Wilfinger et al.
(1999) and were assumed to go to completion on the onset. For the preliminary model, the reaction shown
in Eq. (5-1) probably represents an upper bound for maximum specific volume change due to oxidation.
Based on Eq. (5-1), the mass transfer coefficient for the oxygen was estimated as 6.97 x IO-' cm/s.
The overall mass transfer coefficient was expressed as a series that represented mass transfer (KO)
through the coating thickness and mass transfer (K1) through the corroded layer, as shown in Eq. (5-2)
1

_

- =

K

1

1

+

(5-2)

KI

KO

If 0 is the fraction of porosity or fraction of SS exposed to the aqueous phase, 6 the thickness of the
coating, and DA diffusion coefficient of oxygen in water, then the mass transfer coefficient for coating, K1
can be represented as shown in Eq. (5-3)
(5-3)
6
1 _
K O0DA

In order to simulate the distribution of pores in the coating, Wilfinger et al. (1999) introduced a
correction factor as shown in Eq. (5-4) to account for the pores that closely resemble an array of chains linked
to hollow spheres
f (6, X

+ X) 2
= 3
3(1±

2

2.

2

(5-4)

Where

diameter of cylinder
~~and X
E =
diameter of sphere

length of cylinder
diameter of cylinder

=

_______

Eq. (5-2) can be rewritten as

K~~~~
6I +

K0

1

ODA f(FX)
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(5-5)

Eq. (5-5) represents an overall mass transfer coefficient. Furthermore, Wilfinger et al. (1999) used
a correction factor, g, as shown in Eq. (5-6), to account for the oxygen-limited corrosion rate due to the
presence of a porous ceramic barrier
9

1o
1
Ko
=1
g=1 + 8
1
KS
1
+
1+
KO 0 DA f(SX)
ODA f(£,X)

(5-6)

Based on Eq. (5-5) and the values shown in table 5-5, g factor was estimated as 5.74 x IO-' and the
corrosion rate,

P in the presence of coating given by Eq. (5-7), was estimated as 8.6 x IO-2'im/yr
dt
dp

dt
where (dP)
dt0

- =g

(dp'
I

( dt)/ 0

(5-7)

is the corrosion rate in absence of coating and its value is provided in table 5-5.

The corrosion model presented by Wilfinger et al. (1999) is preliminary and needs significant
improvement to determine realistic corrosion rates. In addition, the model is independent of the nature of the
coating, it only depends upon the porosity. This assumption may not be true.

5.5

MECHANICAL FAILURE OF COATINGS

Mechanical failure of coating could be caused either by thermal stresses leading to the formation of
cracks and/or tensile stresses during processing, or during storage where the WP sitting on the supports in
the drift is subjected to bending and shear stresses. While the bending and shear stresses can be reliably
estimated by mathematical or numerical modeling provided the design details are known, the stresses
generated in the coatings during thermal spray process is a complex process and require detailed experimental
studies.
Thermal stresses arise from the mismatch in the thermal expansions of the ceramic coating and the
metallic substrate. These stresses could cause spallation or distortion of the coated layers and, consequently,
may lead to failure of the coating. In addition, stresses could also arise from the nature of the plasma spray
process. Levit et al. (1996) studied residual stresses in the plasma sprayed ZrO 2 -Y 2 03 coating on Ni-base
superalloy. They indicated that residual stresses in ZrO 2 -based coatings arise from (i) the difference in the
thermal expansion coefficients of the ceramic coating and the metallic substrate and (ii) the ZrO2 -m-ZrO 2
phase transformation. The contribution from 3-4 vol % expansion is negligible compared to thermal
expansion mismatch. Their study indicated that the substrate that was kept at 75 'C during the coating
process had tensile stresses while the substrate kept at 500 'C during the coating process had compressive
stresses. Figure 5-5 shows the effect of substrate temperature on the residual stresses in coatings. In addition,
the residual stresses in the ceramic coating are not uniformly distributed through the thickness. The ceramic
layer at the interface with the substrate is more compressive (or less tensile) compared to the outer surface
layer of the coating. In addition, microstructural analysis indicated that in regions where high residual tensile
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Table 5-5. Calculated values for estimated g factor

Value

Remark

8 (cm)

0.15

Well-defined parameter that can be obtained from microstructural
analysis.

0 (fraction)

0.02

While total porosity can be estimated from microstructural
analysis, the fraction of interconnected porosity is difficult to
estimate. Total porosity provides an upper bound case

Parameter

DA

(cm

2

/s)

|

1 X 10-5

Diffusion of oxygen in water is a conservative number.

(fraction)

Low 0.01
High 0.05

Usually a distribution. This parameter has a significant effect on
the oxygen transport. Narrow channels offer significantly higher
impedance to oxygen transport than wider channels.

X(fraction)

Low 5
High 30

Usually a distribution. This parameter has a significant effect on
the oxygen transport. Narrow channels offer significantly higher
impedance to oxygen transport than wider channels.

f(0.03, 10),
f(0.05,30)

0.016, 0.045

Average 0.03 was used in calculation. For conservative
calculations the highest ratio should have been used.

KI((cm/s)

6.97 x IO-'

Based on reaction in Eq. (5- 1). Reaction kinetics and intermediate
reactions were ignored in estimating the mass transport coefficient.

300

Based on long-term studies at Lawrence Livermore National
Laboratory on carbon steel.

E

Rate of corrosion,
(dp/dt)o ([t/yr)

l

stresses were present, microcracks perpendicular to the ceramic interface (radial) were formed while
microcracks parallel to the coating interface were formed in the region of residual compressive stresses. The
compressive stresses are beneficial for prolonging the service life of the coatings.
The stresses can be estimated either by mathematical or numerical (e.g., finite element analysis)
modeling. These models assume ideal conditions such as perfect bonding, no porosity or cracks. In real
coating, such conditions are nonexistent and therefore experimental testing is essential to determine actual
values of stresses in the coating. In addition, for a thermal spray process, the estimation of the contact
temperature of the splat at the impact time is critical in estimating the stresses. The contact temperature could
be as high as 2,500 0C as stated in the DOE report (U.S. Department of Energy, 1998f). But this temperature,
immediately on impact drops rapidly at a rate greater than 100 'C/s. Such a rapid drop in temperature results
in microcracking of the splats and stress relief. It should also be noted that, as the thickness of the coating
increases, the effect of splat temperature of the substrate temperature decreases significantly because the splat
only affects the localized region of the surface. Studies indicate that the substrate temperature remains fairly
constant during the coating process unless an outside source of heat is applied to the substrate. Taylor et al.
(1992) indicated that, for the plasma sprayed A120 3, the presence of pores, microcracks, and interlamellar
cracks reduce the elastic modulus to around 20 percent and Poisson's ratio to 0.1. Such changes in the
mechanical properties could impact the mechanical behavior of the coating. Because of the formation of
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Figure 5-5. Effect of substrate temperature on the residual stresses (Levit et al., 1996)
microcracks and stress relief, the results of mathematical or numerical models have no meaning unless
accompanied by experimental data.
An important process leading to coating failure is related to the development of mechanical stresses
produced by the wedging action of iron corrosion products (i.e., Fe2 03 , FeOOH) formed at the ceramic-steel
interface. Indeed, Wilfinger et al. (1999) have used the g factor determined by Eq. (5-6) to estimate the time
to first coating fracture due to the formation of corrosion products at the ceramic-carbon steel interface.
Wilfinger et al. (1999) assumed uniform corrosion. This assumption is not correct. The total porosity that
provides contact with water is only 2 percent which indicates that only 2 percent of the carbon steel substrate
is available for corrosion. Under this scenario, uniform expansion of the WP due to corrosion is not correct
and has to be modified to include corrosion at localized areas. The WP failure model, similar to the corrosion
model for a coated steel container, is preliminary and needs significant improvement to determine realistic
WP failure time.

5-13

U

6 MATERIALS INTERACTIONS IN THE VARIOUS DESIGNS
In this section, a brief discussion is presented on the effect of the interactions between the various materials
used in the WP and the EBS, taking into consideration environmental factors and their evolution with time
during the postclosure period. This discussion is organized in several sections taking into consideration the
effect ofthese interactions on containment, radionuclide mobilization, and nuclear criticality inside WPs. The
discussion is mainly based on the selection of materials and configurations for the WP and EBS adopted by
the DOE in the EDA II.

6.1

EFFECT OF MATERIALS INTERACTIONS ON CONTAINMENT

One of the most important material interactions in the design of the WP adopted in the VA
(U.S. Department of Energy, 1998b) is related to galvanic coupling. As noted when the design ofthe WP was
still evolving (Sridhar et al., 1994), the galvanic coupling effect between carbon steel and the
corrosion-resistant alloys required studies with a focus not only on localized corrosion, but also on hydrogen
evolution and permeation. The concern is related to the possibility of HE of the corrosion-resistant alloys.
When the material considered by the DOE for the inner overpack was Alloy 825, galvanic coupling
was assumed to offer cathodic protection of the inner overpack and, hence, significant increases in WP
lifetime in PA evaluations conducted by the DOE in TSPA-95 (TRW Environmental Safety Systems, 1995)
using the WAste Package DEGradation (WAPDEG) Version 1.0 code (Atkins and Lee, 1996). However, the
technical bases for the assumptions used in WAPDEG were questioned. Nevertheless, a similar conclusion
was reached in the Engineered Barrier System Performance Assessment Code Version 1.1 (Mohanty et al.,
1997), developed to be incorporated in the TPA code Version 3.0 (Manteufel et al., 1997) as a source-term
model. In this case, the effect of galvanic coupling was related to the decrease in the corrosion potential of
the inner container material below its repassivation potential once the wall of the outer container was
penetrated by a pit.
Extensive modeling and experimental work was conducted to improve the mechanistic understanding
of the galvanic coupling effect (Dunn and Cragnolino, 1997, 1998). It was concluded that galvanic coupling,
even though it can be limited in its efficiency by the presence of poorly conductive scales or oxides, leads
to galvanic potentials ofthe inner container material lower than the repassivation potential, avoiding localized
corrosion and significantly extending WP lifetime. The main limitation to evaluate the duration of the
beneficial effect, as determined by the consumption of the carbon steel container as a result of the enhanced
corrosion rate arising from galvanic coupling, was considered to be the estimation of the WP surface area
wetted by the aqueous environment (Dunn and Cragnolino, 1998). Similar considerations can be extended
to the case of Alloy 625 as an inner container material. However, with the selection of Alloy 22 as the inner
container material (U.S. Department of Energy, 1998b), protection against localized corrosion promoted by
galvanic coupling became an irrelevant issue as a result of the intrinsic resistance of Alloy 22 to localized
corrosion due to the very high value of the repassivation potential, as discussed in chapter 2. The potential
detrimental effect in terms of HE of Alloy 22 was discussed in section 2.2.4
In the EDA II, the proposed use of Alloy 22 as an outer container material and type 316L or 316NG
SS as an inner container material, coupled with the elimination of carbon steel as a material of choice,
decreases the importance of galvanic coupling effects. The driving force for the generation of galvanic
currents, related to the corrosion potentials of the components of the couple in the local environment,
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decreases significantly between austenitic Fe-Cr-Ni SSs and Ni-Cr-Mo alloys. As a consequence, no
significant beneficial or detrimental galvanic coupling effects are anticipated for the materials and
configurations selected in the EDA II for the fabrication of WPs.
However, the possibility of detrimental galvanic coupling effects exists in the case ofthe Ti alloy drip
shield. If the configuration adopted is a self-supported structure, contact of the drip shield with steel beams
emplaced as part of the invert or with other steel components of the EBS (i.e., steel bolts) may affect the
passive behavior of Ti. The deleterious effect of iron on Ti occurs mostly for CP Ti, and is not so pronounced
for Ti-Pd alloys. The reason is that CP Ti has a very large active-passive loop in acidic media and galvanic
contact between iron and Ti may decrease the corrosion potential of Ti from the passive regime to values
below the active-passive transition. Associated with this process of accelerated active dissolution, the
possibility exists for the simultaneous and enhanced hydrogen entry into the Ti lattice as a result of hydrogen
ion reduction and, hence, hydride embrittlement, as discussed in section 3.2.5. In the case of Ti-Pd alloys,
such as Ti grades 7 or 16, the active-passive loop is not so significant as in CP Ti. As a consequence, galvanic
contact of the drip shield with steel components should not be a major problem. Nevertheless, the potential
risk of this galvanic interaction between EBS components should be properly evaluated. Premature failure
of the drip shield may affect containment since water seepage and dripping on the WP surface will occur at
shorter times than those estimated in the EDA II design calculations.
The possible evolution of the WP environment after emplacement of the WPs in the drifts was
discussed in some detail elsewhere (Sridhar et al., 1995b; Angell et al., 1996). Changes in water chemistry
were attributed to
*
*
*
*
*
*

Rock-water interactions modified by temperature increases over long periods
Changes due to occluded regions such as crevices
Changes due to repeated or episodic evaporation and re-wetting of container
Changes due to radiolysis
Changes due to repository construction enhancing bacterial activity
Seismic and volcanic activity

Undoubtedly, thermal loading has an important effect on both rock-water interactions and water
evaporation and re-wetting. The modification in the WP design from the VA design to the one adopted as
EDA II (table 1-2) reintroduces the possibility of y-radiolysis due to the significant decrease in radiation
shielding brought about by the decrease in the total wall thickness of the WP. The effect of radiolytic species
on the corrosion of Alloy 22 need to be evaluated. Radiolysis, in this case, is the indirect consequence of a
modification in container dimensions that has a potential effect on the chemical composition of the WP
environment.

6.2

EFFECT OF MATERIALS
MOBILIZATION

INTERACTIONS

ON

RADIONUCLIDE

Following the breaching of the WP containers, the main area of concern in terms of radionuclide
mobilization is the alteration of the WP internal environment as a result of corrosion of inner WP
components. Appropriate modeling combined with experimental work may be necessary to determine the
composition of the WP internal environment. The environmental factors to be considered are mainly related
to the presence ofASTM A5 16 carbon steel presumably to be used in the WP basket configuration. Corrosion
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of carbon steel can lead to the formation of magnetite (Fe3O4 ) and iron oxyhydroxides (e.g.,y- and P-FeOOH)
in addition to 'y-Fe 2O3 , as assumed in the DOE TSPA-VA (U.S. Department of Energy, 1998c). However,
as discussed extensively in a previous report (Sridhar et al., 1994), depending upon environmental conditions
in terms of temperature, pH, Cl-, and CO32fconcentrations, among other factors, corrosion of carbon steel can
be localized leading to the formation of small occluded regions exhibiting significant gradients in the
concentration of anionic species and, in particular, pH. Localized corrosion processes may occur easily in
pre-existing crevices (Brossia and Cragnolino, 1999), which are expected to be present in the complex inner
configuration of the WP.
Galvanic coupling between carbon steel and SS components may occur. In addition to the use of
type 316L or 316NG SS as a WP inner container material, borated SS is planned to be used for criticality
control (U.S. Department of Energy, 1998b) in WPs containing SNF. The presence of SS in metallic contact
with carbon steel components provides sufficient driving force for an efficient galvanic coupling that will
accelerate the corrosion of carbon steel and increase significantly the amount of iron corrosion products.
Depending upon local acidic pH conditions brought about by both hydrolysis of metal cations or radiolysis
of water, oxidized iron species could be found dissolved in solution or precipitated as oxides or
oxyhydroxides. As discussed in sections 4.2 and 4.3, the possibility of failure of fuel cladding by localized
corrosion or SCC depends upon the presence of oxidizing species such as Fe (III) species in addition to Clions. Premature failure of fuel cladding will facilitate the release of radionuclides from SNF. In addition, the
dissolution rate of SNF can be altered by changes in pH, redox potentials, and other variables influenced by
the chemical composition of the WP internal environment.
The environmental conditions inside WP may also affect the corrosion behavior of the type 316L or
316NG SS inner container. Ifthe environmental and electrochemical conditions are conducive to the initiation
of localized corrosion instead of preserving passivity, additional penetration of the container walls from the
inside out as a result of pitting may accelerate radionuclide mobilization. On the contrary, if galvanic
coupling is efficient, carbon steel may protect the SS container against localized corrosion during a certain
time interval. In this case, galvanic coupling may have a beneficial effect by delaying the release of
radionuclides. In addition, Al alloys are being considered as internal components of WPs for SNF to facilitate
heat conduction and dissipation. The effect of Al alloys on the in-package environment composition would
need to be evaluated when the internal configuration of the WP becomes better defined.
A detailed evaluation of these processes that may have beneficial or detrimental effects on
radionuclide release from the WP and, as a consequence, on the dose should be performed as an initial step
to include appropriate models and abstractions in PA codes.

6.3

EFFECT OF MATERIALS INTERACTIONS ON NUCLEAR CRITICALITY
INSIDE WASTE PACKAGES

Several aspects of the environmental conditions inside the WP discussed above have implications
in the potential for criticality. In the report discussing the methodology to be used for analyzing the possibility
of criticality in the proposed YM repository (U.S. Department of Energy, 1998g), it is assumed that Fe2O3
is the single product formed by the oxidation or corrosion of steel components that fill the spaces and voids
inside the breached WPs limiting the quantity of water available. No consideration was given to other iron
corrosion products that may have a different effect on criticality control.
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Another aspect refers to the chemical composition of the water present inside the WP. As discussed
in the previous section, corrosion and degradation of WP internals will alter significantly the chemical
composition of the water. These modifications in the chemical composition, in turn, will affect the mode of
corrosion of other components altering the internal configuration of the fuel assemblies.
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7 SUMMARY AND RECOMMENDATIONS
The selection of candidate materials for the HLW disposal containers, as well as other design aspects of the
EBS, have undergone significant changes over the last few years and more recently after the completion of
the VA. As summarized in table 1-2, the current proposed design, EDA II, incorporates Alloy 22 and type
316L or 316NG SS as container materials for the WP, and Ti grade 7 as drip shield material. In addition,
ASTM A516 steel is still considered, in the form of square tubes and side and corner guides, as a structural
component of the WP basket design to hold the commercial SNF assemblies in a stable configuration. The
critical performance issues of the various classes of materials and components of the EBS are summarized
in the following sections.

7.1

ALLOY 22 AND OTHER Ni-Cr-Mo ALLOYS

The main factors that determine the performance of Ni-base alloys as container materials in a
repository emplaced in the unsaturated zone are the temperature and chemical composition of the aqueous
WP environment, the alloy composition, and the degradation of alloy properties as a result of fabrication
processes (i.e., welding, heat treatments) and exposure to operating temperatures during the initial dry period
after WP emplacement. Prediction of container performance in the HLW repository requires consideration
of these factors in order to determine both the mode and rate of container degradation.
Variations in the composition of the WP environment may adversely affect container lifetimes.
Anions such as Cl-, HS-, and metastable sulfur oxyanions such as S2032- are known to be aggressive species
that promote localized corrosion of Ni-base alloys. Without considerable microbial activity, however,
sufficient concentrations of HS- anions and metastable sulfur oxyanions are not likely to be present in the
water contacting the WPs. The corrosiveness of the environment then will likely be determined by both the
concentration of Cl- ions and the nature and concentration of oxidizing species. A combination of an
oxidizing environment and a high Cl- concentration is more likely to result in localized corrosion than a
reducing environment with dilute Cl- concentrations. If y-radiolysis in the aqueous WP environment is
possible, relatively high potentials can be attained in the presence ofradiolytically generated, stable oxidizing
species such as H 20 2.
The composition of the alloy is also of great importance in determining the lifetime of HLW
containers. The effect of Cr is significant because lower passive corrosion rates and increased resistance to
localized corrosion are characteristics of alloys containing at least 20 percent Cr. Increased Cr concentrations
do not appreciably reduce the passive dissolution rate whereas additions of Mo tend to increase the resistance
of the alloys to localized corrosion. A comparison of Alloys 825, 625, and 22, which all contain 21 percent
Cr, indicates that much higher Cl concentrations and temperatures are required to initiate localized corrosion
on the alloys with increasing Mo concentrations. The resistance to SCC in Cl--containing environments,
instead, is strongly dependent on the Ni concentration of the alloy. Alloys with Ni concentrations above
45 percent are usually considered resistant to SCC in concentrated Cl- solutions at temperatures below
200 'C. Therefore, both Alloys 625 and 22 are far more resistant to SCC than Alloy 825.
The composition of the material is also important when considering material degradation affected
by WP fabrication and welding, as well as by the temperature of the environment. A variety of detrimental
phases can be formed in these materials during the welding processes. Formation of TCP phases can be
accelerated as a result of cold work during WP fabrication. The formation of TCP phases has been shown
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to decrease the ductility of the alloys. High Mo concentrations in ji-,a-, and P-phases can also be expected
to reduce the corrosion resistance of the materials. Thicker WP containers will require more welding passes
to close. As a result, the container will be exposed to elevated temperatures for longer periods which can be
expected to increase the precipitation of TCP phases from the fcc solid solution. At lower temperatures, the
formation of both SRO and LRO will likely be detrimental to the performance of the container materials as
a result of both decreased ductility and increased HE susceptibility.
Under environmental and electrochemical conditions where localized corrosion cannot be initiated,
passive dissolution of the container will occur. The Alloy 22 passive dissolution rate was determined to be
in the range of 8 x 10-5 to 5 x I O` mm/yr. Over the range of variables investigated, the passive dissolution
rate was found to be independent of Cl- concentration. Passive dissolution rates increased by a factor of three
when the solution pH varied from near neutral to acidic conditions and decreased slightly with decreasing
temperature. Considering the possible temperature and pH variations, and assuming that the passive
dissolution rate under steady-state conditions does not vary significantly with time, the lifetime of the
Alloy 22 containers may range from 10,000 to several hundred thousand years. Fabrication and welding
processes are not expected to alter the passive dissolution rate since significant redistribution of Cr does not
occur with TCP phase formation. However, the range of environmental conditions over which the alloy
remains passive, in terms of potential and Cl concentration, may be significantly reduced by the formation
of Mo-rich phases. Under such conditions, localized corrosion in the form of intergranular attack will likely
occur.
The initiation of localized corrosion, such as pitting and crevice corrosion, requires as a minimum
a critical concentration of an aggressive anion, as well as oxidizing conditions capable of increasing the
corrosion potential of the container above the repassivation potential. Although localized corrosion only
propagates when the corrosion potential is above the repassivation potential, the propagation rate for localized
attack can be orders of magnitude greater than the passive dissolution rate and will determine the container
lifetime. In addition to specific environmental conditions in terms of aggressive anions and potential, the
initiation and subsequent propagation of SCC requires sufficient tensile stresses. Residual stresses from
welding are likely to be sufficient to induce SCC of susceptible materials. As with localized corrosion, the
propagation rate of SCC could be many orders of magnitude greater than the passive dissolution rate.
An electrochemical approach is used to determine the lifetime of corrosion resistant container
materials in the CNWRA/NRC total PA code. Corrosion potentials of the containers are determined by the
kinetics of the oxygen and water reduction reactions and the anodic dissolution rate of the CRMs. The
corrosion potential of the container material is then compared to the repassivation potential. Localized
corrosion is assumed when the corrosion potential of the container is greater than the repassivation potential.
While localized corrosion is active, it is assumed to propagate at a rate of 2.5 x 10- m/yr. When the corrosion
potential drops below the repassivation potential, all active localized corrosion sites repassivate and anodic
dissolution is assumed to propagate at a rate determined by the passive dissolution rate of the alloy. The
repassivation potential is dependent on alloy composition, Cl- concentration and temperature. The uniform
passive corrosion rate, on the other hand, is assumed to be constant and independent of Cl- concentration and
temperature.
Uncertainties with the present approach used to determine the lifetime of corrosion resistant candidate
HLW container materials are largely associated with the relatively short time (tens of years) requirements
of most engineering applications that demand CRMs compared to the long-term performance requirements
of the HLW container materials. The corrosion resistance and passive dissolution rates in short-term tests are
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directly related to the stability and composition of the passive film. Decreasing passive corrosion rates of SS
and Ni-Cr-Mo alloys as a function of time have been attributed to the enrichment of Cr in the oxide layer as
a consequence of selective dissolution of Fe, Mo, and Ni. Although short term chemistry changes and anodic
behavior have been well characterized, the long-term evolution of the passive film composition on such
corrosion-resistant alloys has not been determined. In addition, the effects of Ni concentration and the other
major alloying elements, as well as the potential, on the long-term initiation and propagation of SCC is
unclear. The present understanding suggests that alloys with greater than 45-50 percent Ni are immune to
SCC in ClY solutions at temperatures lower than 200 'C. Similarly, austenitic Ni-Cr-Mo-Fe alloys with less
than 40 percent Ni appear to be susceptible to SCC at potentials anodic to the repassivation potential. It is
important to note that these observations are based on the results of short-term tests lasting, at most, a few
years. As a result of the limited measurement resolution of short-term tests and the lack of long-term data,
it is unclear if the increased Ni concentrations and potentials cathodic to the repassivation potential provide
long-term immunity or merely delay the initiation and reduce the propagation rate of SCC. Long-term
localized corrosion propagation rates are also subject to considerable uncertainty. Although the present
CNWRA/NRC total performance code calculations use a low propagation rate, it is unclear if the propagation
rate will continue to decrease with penetration depth since very little long-term localized corrosion
propagation rate data for corrosion-resistant Ni base materials are available.

7.2

TYPE 316L OR 316NG STAINLESS STEEL

Although it is assumed that the inner container made of type 316L or 316NG SS is required to
provide only structural strength and not corrosion resistance against the action of the environment once the
outer container fails, it is convenient to summarize briefly some ofthe performance issues regarding the inner
container. More detailed information on the corrosion behavior and failure modes of type 316L SS has been
provided elsewhere (Sridhar et al., 1994; 1995b; Cragnolino et al., 1994, 1996a) and briefly discussed in
chapter 2 in comparison to Ni-Cr-Mo alloys. Another possible failure mode is the embrittlement of
circumferential welds. Minimization of hot-cracking requires that these welds solidify as primary ferrite
resulting in a duplex (ferrite-austenite) microstructure with a minimum ferrite content at room temperature.
However, at repository temperatures, the presence of ferrite may result in the precipitation of embrittling
a and ' phases which may reduce the fracture toughness of the material.
The long-term thermal sensitization of type 316NG SS has been examined extensively in terms of
sensitization due to carbide precipitation and chromium depletion along grain boundaries. However, the
effects of aand Laves phases following long-term aging at repository temperatures have not been examined.
The formation of these phases can be accelerated by cold work or by the presence of ferrite in the welds.
Nevertheless, if the DOE pursues a repository design based on a low thermal loading, the propensity to these
thermally controlled degradation processes is substantially decreased.
The susceptibility of type 316L SS to SCC in hot Cl solutions is well known and briefly discussed
in section 2.2.3. The possibility of HE as a result of galvanic coupling with carbon steel WP internals is
unlikely. However, type 316L SS is susceptible to localized corrosion, in particular to crevice corrosion. As
discussed in this report and in previous publications, the concept of the repassivation potential as an enabling
parameter for predicting the occurrence of localized corrosion seems to be well established. As noted in
section 6.2, the definition of the chemical composition of the WP internal environment is a necessary
requirement to evaluate the long-term performance of the inner container and its influence on radionuclide
release from the WP.
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7.3

Ti ALLOYS

Based on the discussion presented in chapter 3, it is clear that Ti alloys exhibit good corrosion
resistance under most environmental conditions. Current DOE plans call for the possible use of Ti grade 7
(Ti-0. 15Pd) in the repository as a drip shield material as shown in table 1-2. There is, however, insufficient
experimental data available under relevant conditions examining the possible degradation modes for Ti-Pd
alloys to make an accurate determination of under what conditions each corrosion mode is operable nor is
there adequate information on propagation rates. Furthermore, there also are insufficient data that could be
used to model long-term material performance using the TPA code. On the basis of the discussion presented
in chapter 3, the expected performance of Ti-Pd alloys in the environment assumed to prevail in the
repository emplacement drifts is summarized below.
Given the likely conditions to be found in the proposed repository at YM, it seems unlikely that MIC
would occur to a significant extent owing to the high resistance of Ti to this form of corrosion attack. Rather
it would seem that passive dissolution, localized corrosion, particularly in the form of crevice corrosion, and
environmentally assisted cracking (EAC) (SCC and HE) would be the most likely corrosion failure modes
to be observed. Pitting corrosion also seems unlikely given the high potentials necessary to nucleate and
sustain pitting (>> 0.5 VSCE) as a result of the high resistivity of the TiO 2 oxide.
Under the oxidizing conditions expected at YM, Pd additions should not significantly alter the
corrosion rate under passive dissolution conditions as compared to CP Ti and thus the effects of
environmental variables on CP Ti should generally apply. In some cases, the pH and Cl concentration have
been observed to slightly increase the passive dissolution rate of Ti alloys but in other cases, pH and Cl
concentration have been shown to have no effect. If acidic and reducing conditions develop in occluded
regions, it should be noted, however, that Ti-Pd alloys do not exhibit a pronounced active-passive loop as that
of CP Ti and hence corrosion rates will be low. Increasing the temperature may also influence the passive
dissolution rate as would the presence of possible radiolysis products, especially hydrogen peroxide which
can complex with Ti and make the passive TiO 2 film unstable. The effects of these parameters on the passive
dissolution of Ti alloys, though, have not been extensively nor systematically examined and thus further work
is necessary in order to better predict the potential lifetime of Ti components in the repository.
Crevice corrosion of CP Ti has been observed under conditions that could develop in the repository.
At reasonably achievable potentials for a drift aqueous environment (- 0.1 VSCE), the minimum temperature
to observe crevice corrosion was about 170 'C at a Cl- concentration of 0.034 M, and fell to 80 OC at 0.2 M
Cl and to 50 'C at 1 M Cl- (Tsujikawa and Kojima, 1993). Based on these reported results, crevice corrosion
of Ti seems like a possibility in the repository. Additions of Pd to Ti, though, do improve the crevice
corrosion resistance of Ti. Given the lack of data in this area for Ti-Pd alloys, however, further examination
of the conditions conducive to crevice corrosion of Ti-Pd is warranted to determine if more aggressive
conditions are needed to nucleate and propagate crevice corrosion in these materials or if Pd additions just
delay the onset of crevice corrosion through an increase in the incubation time.
EAC of Ti-Pd alloys has not been extensively investigated. There is, however, the thought that these
materials, like many other Ti alloys, are highly resistant to EAC. This is particularly true if the Ti-Pd alloys
chosen have a low equivalent oxygen content (high 0equiv leads to higher strength and greater susceptibility)
and Pd additions can minimize uptake of hydrogen by the Ti lattice. It is unclear, though, if the mechanism
proposed to explain the role of Pd on EAC resistance is accurate and valid. Furthermore, it also important
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to realize that, under the conditions used to examine EAC and the test methods used, the slow crack growth
rates that would be important on the time scales of the repository are difficult to measure. Because Ti-Pd
alloys may experience very slow crack propagation rates, further work in this area is necessary. Also of
importance would be the development of suitable methods to experimentally measure slow crack propagation
rates.
Possible interactions with other materials present in the repository and the effects of fabrication on
degradation should be considered. Galvanic coupling of Ti to iron/carbon steels, SSs and Ni-base alloys may
lead to conditions that enable different corrosion modes or enhance the propagation rates of processes already
occurring. However, the driving force for an efficient galvanic coupling may exist only in contact with carbon
steel, as noted in section 6.1. Though there is some evidence that shows that fabrication processes would not
significantly impact material performance, the resolution limit of the methods used may mask propagation
rates (in terms of SCC/HE crack propagation) that would be of relevance to the use of these materials in the
repository. Additionally, the effect of fabrication on other corrosion processes has not been adequately
examined to verify if such processes influence dissolution rates or act to create preferential sites for
corrosion.
In summary, there does not exist sufficient experimental information on the likely behavior of Ti-Pd
alloys in repository-like environments to make an accurate prediction of material performance nor are there
adequate data to use as input parameters for long-term predictive modeling. It seems likely that several
corrosion degradation modes, such as crevice corrosion and HE, could occur in the repository, but the
propagation rates and the conditions that may lead to premature, catastrophic failure of Ti components is
unclear. As a result, further work to examine the conditions under which these processes occur and their
respective propagation rates is needed in order to better predict and model material performance.

7.4

ZIRCONIUM ALLOYS

The main conclusions regarding the behavior of Zr alloys as fuel cladding materials can be
summarized as follows.
The possibility of localized corrosion of Zircaloy fuel cladding in the presence of oxidizing chloride
solutions has not been considered in the TSPA-VA (U.S. Department of Energy, 1998c). Pitting corrosion
of Zr has been studied in detail in acidic and neutral Cl- solutions and occurs above a critical potential that
is identical for repassivation and pitting initiation under potentiostatic and galvanostatic conditions. This
potential apparently is not attained under natural corroding conditions in air saturated solutions unless strong
oxidants such as Fe3" and Cu 2 1 ions are present. However, the effect of reducible species formed by radiolysis
of water such as H2 0 2 has not been investigated. Limited data suggested that Zr and its alloys can attain
higher corrosion potentials if the metal surface is preoxidized in air, an observation that need to be studied
in more detail. Although far less studied, pitting of both Zircaloy-2 and Zircaloy-4 occurs under similar
conditions. However, the critical potential to initiate pitting corrosion is approximately 40 mV lower than that
of pure Zr in 1 M NaCl solution. Although it is claimed that crevice corrosion does not occur in Zr alloys,
additional work is needed to corroborate this claim because it is well known that many CRMs are more prone
to crevice corrosion than to pitting corrosion.
Another degradation processes not considered in the TSPA-VA is SCC of Zircaloy fuel cladding that
can occur under the same environmental and electrochemical conditions that promote pitting corrosion.
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Apparently, SCC can occur under stresses well below macroscopic yield and many factors may introduce
the required stress level in the fuel rod during operation, storage, and handling. As in the case of localized
corrosion, relatively high corrosion potentials should be reached. However, once a crack is initiated from a
pit, relatively fast propagation rates (of the order of a fraction of a micrometer per second) can be attained
leading to failure of cladding in a very short time.
If the potential is below the critical potential in Cl- solutions, Zr is a very passive metal and therefore
very low corrosion rates can be expected. However, there is clear divergence between corrosion rates
calculated from electrochemical measurements of passive current densities on the basis of Faraday laws and
those rates obtained by extrapolation to low temperatures of corrosion rates measured as weight gain in
high-temperature water.
The most important cladding degradation process in the HLW repository is likely to be the
mechanical failure of fuel rods due to rockfalls. Hydride embrittlement of cladding may be possible if the
cladding temperature rises above 290-300 'C. Creep, delayed-hydride cracking, fuel-side SCC, and
oxidation of cladding and fuel rods, are not likely to cause substantial failure of the cladding.
The current rockfall models for treating mechanical failure of cladding, based on either a fracture
strength or a ductility criterion, are not adequate for considering the behavior of cladding with degraded
properties. These models need to be modified to take into account the presence of a distribution of crack sizes
and the lower resistance to fracture of degraded cladding in the repository environment, preferably through
the use of a fracture mechanics approach.
Potential failure mechanisms in fuel cladding are extremely dependent on the cladding temperature.
A higher level of confidence on the estimation of cladding temperatures is required and its variation,
depending upon the location of the WP in the repository, must be established in order to determine more
accurately the probability of cladding failure. Although the low thermal loading strategy that appears to be
pursued by the DOE tends to suggest that these thermally controlled failure modes are less plausible,
temporal and spatial variations can be pronounced even within a single WP.

7.5

CERAMIC COATINGS

The literature review presented in chapter 5 indicates that the use of ceramic coatings is a viable
means for extending the outer carbon steel life in the WP design adopted by the DOE for the VA. The thermal
spray technology and various coating materials cited in that chapter can be used successfully to coat WPs.
In the LLNL reports, the selection basis for thermal spray coatings or materials selection is not clearly
established. The models presented in the reports are preliminary in nature and need major revisions including
experimental verification of parameter values used in the models. The relevance of ceramic coatings as a
means to increase container life has diminished with the advent of the EDA II, the proposed design for the
SR.

7.6

MATERIALS INTERACTIONS IN THE VARIOUS DESIGNS

The effect of materials interactions in the performance of the WP is an issue that has not received
adequate attention. With the progress in the development of WP and EBS designs that take into consideration
the need for long-term containment of the radionuclides within the WPs and low acceptable annual doses to
7-6

a receptor group living in the proximity of the repository site, the importance of considering the beneficial
and detrimental effects of material interactions has increased. Three aspects of relevance were identified as
related to the effects on containment, radionuclide mobilization, and nuclear criticality inside WPs. Emphasis
was placed on the importance of defining the chemical composition of the aqueous environment inside
breached containers both in terms of radionuclide releases and the potential for criticality. A more detailed
evaluation of these processes is highly desirable and it should be accomplished in conjunction with a
sustained effort to model and reproduce experimentally the environment that may developed inside WPs
following localized penetration of the containers.
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